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ABSTRACT

Effects of Various Heat Treatments on the Creep/Stress-Rupture
Behavior of 2 1/4Cr - 1Mo Piping Material

Jeffrey W. Carter
Supervising Professor: David G. Atteridge

The 1long term high temperatﬁre creep/stress-rupture
behavior of 2 1/4Cr - 1Mo low alloy steel is known to depend
on prior thermal exposure. Understanding and predicting this
behavior 1is important in service 1life assessment of
pressurized piping, vessels, and other 1load bearing
components. The effects of field hot fabrication and heat
treatment on the service life are also important. A model has
recently been developed to predict the effect of service
exposures. Its applicability to the other type of thermal
exposure is not known.

Typical commercial ASME SA335 P22 piping material was
utilized. Heat treatments ranged from normal service exposure
at 1005°F, to exposures typical of field hot bending
processes, and extended exposures above and below the Ac,
temperature. Both weld containing and base metal samples were
included. Stress-rupture performance was gquantified and
correlated with such life prediction parameters as hardness,
and carbide morphology. Comparison with the model was made,
and the applicability of the laboratory data to field
installed piping was evaluated by field hardness testing and

metallographic replication.
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It was found that the normal service exposed material
obeyed the model closely, while the additionally heat treated
materials deviated in the nonconservative direction. all
additional heat treatments were found to be deleterious, and
welded samples had poorer properties than their base metal
counterparts. Field characterization methods were found to be
limited by anomalous surface conditions.

xiii




1.0 INTRODUCTION
1.1 Overview

A recently developed model®® for the prediction of the
effects of prior thermal exposure on the creep/stress-rupture
properties of 2 1/4Cr-1Mo piping used for high temperature
service was investigated by means of laboratory specimens, and
compared with actual field piping. Thermal regimes evaluated
included normal service, exposures used in hot bending of
field piping, and extended treatment above and below the Ac,
temperature.

The model to be investigated is one of several used in
life prediction for Cr-Mo superheater tubes. In this
instance, only the effects of thermal exposure (in-service
degradation) on the material mechanical strength were
evaluated. An oxidation corrected rupture database was used
to generate a predictive equation relating initial tensile
strength to the Larson-Miller Parameter for rupture (LMP).
This permits the prediction of rupture life if the original
tensile strength is known.

If the initial tensile strength is not known, as was the
case here, another predictive equation calculates a Larson-
Miller Parameter for ageing (LMP“e) if the time and
temperature are known. This LMP, .. is then used to calculate
a Kyges which relates the present tensile strength to the
original tensile strength. The original rupture life can then
be determined. Present tensile strength can be determined by
testing removed samples (not desirable), or estimated from
hardness tests.




If the initial and present tensile strengths are known,
it is possible to use the model to assess the effective metal
temperature. This is sometimes in question in the case of
boiler tubes, but is not generally an issue with steam piping.

Life prediction parameters such as carbide morphology,
hardness, and grain boundary cavity formation were assessed
for both laboratory samples and field installed piping. The
possibility of anomalous surface conditions rendering some or
all of these parameters suspect was evaluated.

Typical commercial ASME SA335 P22 material was available
to evaluate both base metal and weld region performance.
There was little information published on the creep/stress-
rupture properties of weld heat affected zones, although it
has often been qualitatively accepted that they will be
inferior to the adjacent base metal. It was decided to
conduct identical tests on the weld containing material to
quantitatively determine the degradation in properties
relative to the base metal, and to examine the microstructural
differences.

The field installed material used for comparison was 40"
diameter, 2" thick 2 1/4Cr-1Mo hot reheat steam line. Some
field piping sections had been previously hot bent at 1450°F
to establish proper alignment. Several sections of the
service exposed material were used to fabricate the laboratory
specimens after varied heat treatments.

The hot bending process was carried out at a temperature
(1450°F) stated by the ASME B31.1 Piping Code to be 30°F below
the lower critical temperature (Ac,) for 2 1/4Cr-1Mo. This
does not appear to be true under many circumstances. One
extensive investigation found that for commercial 2 1/4Cr-1Mo
steels the actual Ac, temperature is variable and somewhat
below 1450°F (1382°F to 1436°F), depending on the chemistry of




the material and its prior heat treatment.

An evaluation of the Ac, temperature for the base
material used in this program was conducted using a Gleeble
apparatus. The value of 1472°F was determined, which is in
agreement with the ASME B31.1 Piping Code statement. However,
longer thermal exposure at 1450°F clearly produced
austenization in the same material.

The hot bending thermal treatment used was thus not a
simple tempering type exposure or sub-critical thermal aging.
It actually involved partial austenization of the material.
The end result of such a thermal exposure will depend on the
prior history of the material, the chemical composition, the
time at temperature, and the cooling rate. The ability of
the model to predict subsequent stress-rupture properties was
investigated.

These complicating factors required additional work
beyond that required to evaluate a simple extended tempering
treatment. This included additional heat treatments, as well
as characterization of frequently used 1life prediction
parameters for both the laboratory samples and field piping.

Additional thermal treatments included extended exposures
at 1450°F to assess trends in properties and microstructure.
Exposures at a temperature just below Ac, were conducted to
determine the comparative consequences of thermal exposures in
this region, which would be typical of piping adjacent to that

exposed above Ac,.

1.2 Objectives

The specific objectives of this project were the
following.
1. Determine the validity of a recently proposed 1life
prediction technique for 2 1/4Cr-1Mo piping material that has




been thermally exposed to different temperature regimes.

2. Quantitatively assess the results of the hot bending heat
treatment on the creep/stress-rupture properties of sample
material in order to predict the long term performance of the
field installed piping.

3. Quantitatively assess the effects of a weld heat affected
zone thermo-mechanical history on the creep/stress-rupture
properties of commercial 2 1/4Cr-1Mo piping material.

4. Quantitatively assess the effects of other high
temperature heat treatments on the creep/stress-rupture
properties of commercial 2 1/4Cr-1Mo piping material.

5. Assess the validity of determining 1life prediction
parameters by field characterization of commercial 2 1/4Cr-1Mo

piping.




2.0 BACKGROUND

2.1 Creep of Metals

Creep is a mode of deformation in which plastic strain
increases as a function of time at a constant stress. It
occurs in a particular stress/temperature regime for a given
metal. Creep deformation may be fully ductile or almost
completely brittle, with a continuous spectrum of behavior
between these two extremes. Creep is one of a number of modes
of deformation that a metallic material may exhibit in
response to the application of stress.

The relationship of creep in its different forms to other
modes of deformation can be appreciated most readily by
reference to deformation mechanism maps (Figures 1 & 2).
These maps were first proposed by M. F. Ashby, and the concept
has been greatly expanded by Ashby and others.!® For the
purposes of this discussion, a generalized map from Dieter(”,
and a map for pure iron from Ashby‘" are used.

These maps can be plotted in a variety of ways in order
to highlight the particular quantity of interest. This map
plots normalized shear stress vs homologous temperature.
Normalized tensile stress is sometimes used in place of shear
stress. Other presentations use strain-rate vs temperature,
strain-rate vs stress, strain-rate vs reciprocal temperature
(Tm/T), and stress vs failure time. For simple tension, the
shear stress o_=0,/(3)"?, and the shear strain rate y=(3)V%,,
where o, and é1 are the principal stress and the principal
strain rate respectively.V

The fields of the generalized map (Figure 1)
schematically indicate the basic modes of deformation observed

5
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for a generalized metal. Figure 2 is a detailed portrayal of
the fields for a-iron. Other body centered cubic metals would
be similar. Metals and alloys with different crystal
structures or extensive second phases will not have maps with
the same proportions. The mechanisms commonly observed are
described below.

Elastic collapse due to the theoretical strength being
exceeded is at the highest stress level in Figure 1. This
defines a shear stress level where a perfect crystal, or one
without mobile defects will collapse. It will theoretically
occur when o, > aG. The quantity a has been calculated to be
between 0.05 and 0.1, depending partly upon the crystal
structure. For fcc metals the value of 0.06 is reasonable,
while for the bcc metals a value of 0.1 is more appropriate.

If the shear stress is lower but still relatively high,
the region of interest is the one labeled dislocation glide in
Figure 1, or plasticity in Figure 2. Dislocation glide is the
mechanism most often observed in room temperature plastic
deformation of a material with an adequate number of operative
slip systems. It may be the major mechanism operative up to
0.5 Tm as well.

At low temperatures relative to the melting point of the
metal, deformation due to dislocation glide is limited by
discrete obstacles or by lattice resistance. 1In the first
case, the strain rate is dependent upon the nature of the
obstacles, which may range from strong precipitates to the
weak effects of minor solid solution hardening. In the latter
case, the Peierls force, which is derived from the interaction
of the dislocations with the periodicity of the lattice, sets
up a barrier to dislocation motion. This Peierls force exists
even in the absence of precipitates or solid solution effects.

Both of these resistances decrease as temperature

increases. At lower temperatures the phenomena of work




hardening increases the energy required for dislocation
movement to the point where the strain rate becomes zero. As
the temperature increases past 0.3 Tm, thermally activated
dislocation glide can lead to creep. According to Ashby, this
type of creep is not well understood.

At lower stresses deformation by diffusional flow becomes
the operative mechanism. This is termed Coble creep at lower
temperatures, where grain boundary diffusion is limiting, and
Nabarro-Herring creep at higher temperatures where lattice
diffusion is most important. In either case, this diffusional
flux will lead to plastic strain if coupled with grain
boundary sliding, which is necessary to maintain continuity in
the structure. In fact, these two phenomena are not
independent, and the overall deformation may be described
either as "diffusional creep" or as "grain boundary sliding
with diffusional accommodation".!® oOthers prefer to assign
two additional separate fields in deformation maps to grain
boundary sliding, placing a dgrain boundary diffusion
controlled mechanism just above the Coble creep field, and a
lattice diffusion controlled mechanism just above the Nabarro-
Herring creep field.®

The stress and temperature dependence of these two fields
turn out to be the same as for Coble and Nabarro-Herring
creep. The strain rate in these latter cases may be expressed

as:
Nabarro-Herring Y = A,D| rricel 0o/ AKT
Coble Y = A, Dy b'o /d’kT

Here, A,, and A, are dimensionless constants, while D _.,;..

and Dy, are the diffusion coefficients for lattice and grain
boundary diffusion respectively. The quantities b and d are
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the Burger's vector and the grain diameter. T and k are the
absolute temperature and Boltzmann's constant.

It is interesting to note that in pure iron (Figure 2)
the higher creep resistance of the fcc lattice relative to the
bce lattice causes a re-establishment of Coble creep just
above the transformation temperature. It is not clear whether
this is due to the lower 1lattice diffusion in the fcc
structure, or to differences in deformation characteristics.
The strain rate in either mode of diffusional creep is highly
temperature dependent, and becomes negligible at lower
temperatures.

The other observed major mechanism of creep deformation
is called dislocation creep or power law creep. Its general
shear stress/temperature regime is indicated in Figure 1, and
delineated for pure iron in Figure 2. The specific mechanism
of deformation appears to be dislocation glide with thermally
activated climb over obstacles. The climb step is rate
limiting, but produces little plastic deformation.

Climb is facilitated by diffusion of ions and vacancies
that act to raise the dislocation above obstacles. At higher
temperatures lattice diffusion is most important, while at
lower temperatures diffusion via the dislocation cores is
controlling. The overall strain rate can be expressed as a
function of the total diffusion rate and the normalized shear
stress to some power. This power can be as low as three for
the power law creep by glide only mentioned earlier. For
dislocation creep by glide and climb, the power may be as high
as ten. The higher the temperature the lower the stress
dependence. The two regimes of high temperature and low
temperature creep are indicated in Figure 2.

The rate equation for power law creep may be expressed
as:(1.®

¥ = AD,qb (0,/p)"/KT
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where A, is a dimensionless constant, and p is the shear
modulus. The quantities b and o, have been previously
defined. D
equal to D

ets 1S the effective diffusion coefficient, and is
+ D_yrefcorer Where f is the fraction of atom

flattice core cor
sites associated with each process. For all practical

lattice

purposes, f 1, and f_ = ap, where a is the cross

lattice
sectional area of the dislocation core, and p 1is the
dislocation density. At lower temperatures, the increased
influence of the core diffusion coefficient (which is a
function of a:) causes the overall stress dependence to become
a function of o ™.

As the stress is increased in this region, the climb step
is no longer limiting, and the "power law" correlation breaks
down. Flow appears to become glide controlled and the strain
rate is increased.

As temperature is increased dynamic recrystallization may
occur in some metals, as shown for pure iron in Figure 2.
This unbalances the strain hardening - recovery relationship
by reducing the dislocation network. The uniform strain rate
that resulted from this balance changes to a variable and
higher rate.

Harper-Dorn creep is a form of dislocation creep that is
observed in some metals (e.g., pure aluminum) at high
temperatures and low stresses. It was discovered by J. G.
Harper and J. E. Dorn, who noted that the creep rates they
were observing experimentally were two orders of magnitude
greater than expected for the anticipated Nabarro-Herring
Creep.

Harper-Dorn creep occurs in large grained pure metals
above a certain critical grain size. It is also necessary
that the preexisting dislocation density be very low. Plastic
deformation appears to take place because of dislocation
multiplication by cross-slip.!” The constitutive equation for
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Harper-Dorn creep is:
Y = AHDDIatticebos/ kT

Wu and Sherby have proposed a unified theory for Harper-
Dorn creep, power law creep, and power law creep breakdown
utilizing the idea of an internal stress.!'%? This internal
stress is visualized as aiding the movement of half the moving
dislocations and retarding the movement of the other half.
The resulting constitutive equation uses a constant normalized
internal stress to adjust the stress dependence of the strain
rate for several pure metals.

This use of an internal stress differs from that proposed
by Ahlquist et al in Reference 11. Here, the internal stress
is viewed as a measure of the relative effects of strain
hardening and recovery on the resistance of the lattice to
dislocation movement. It opposes the applied stress and
diminishes the effective stress for creep. At 1lower
temperatures, where recovery is minimal, the internal stress
rises to approximate the applied stress, and plastic
deformation ceases. At higher temperatures, a balance is
struck, and a steady state creep rate is observed.

Two frequent observations in high temperature creep are
wedge cracking at grain boundary triple points, or the
nucleation and growth of cavities at the material grain
boundaries. These phenomena tend to occur at relatively long
times and 1lower stresses, and result in intergranular
fracture. This is invariably the mode of fracture of ferrous
alloys in long term power plant service. However, it is not
the typical outcome of a short term accelerated test, where
failure is usually of a ductile transgranular nature. ,

Wedge cracks are thought to be nucleated and grown by
grain boundary sliding.¢? They are observed at intermediate
stress levels. Most intergranular cracking in field service
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is due to the grain boundary cavitation mechanism, which has
received a considerable amount of research and analysis.
References 12 through 24 are a modest but representative
fraction of published papers dealing with the subject.
Treatments range from concrete empirically based analyses to
somewhat abstract formulations. While the methodology may
vary, there 1is universal agreement that the process is a
complex one.

In either theoretical or empirical analyses, it is
important to separate the distinct processes of cavity
nucleation and cavity growth. Cavity nucleation mechanisms
vary from material to material, as do cavity growth
mechanisms. Lumping the two processes together makes it very
difficult to form a coherent picture of the overall process.

Cavity nucleation was originally hypothesized to occur
due to stress driven vacancy condensation. This was found to
be unrealistic because of the very high 1level of
vacancies/stress required. It is now felt that cavity
nucleation will tend to occur where there is non-uniform
deformation under an applied stress. Grain boundaries and
their intersections with each other, with slip bands, and with
particles are prime locations for cavity nucleation.

It is generally accepted that cavities nucleate
continuously throughout most of the creep deformation process.
Figure 3 shows that the rate of cavity nucleation as a
function of strain varies widely.®® Pure iron has a
relatively low nucleation rate, while Type 347 austenitic
stainless steel and 2 1/4Cr - 1 Mo ferritic steel have very
high rates. Both of these latter alloys have a much higher
grain boundary particle density than does pure iron.

One of the difficulties in correlating creep behavior to
cavity nucleation rate is that cavities must grow to a size of
0.2 um to be detected by SEM, and to 1.0 um to be detected by
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optical microscopy. Questions regarding such things as the
sintering rate of freshly nucleated cavities are more or less
beyond convenient investigation.

Some insight into the importance of the cavity nucleation
mechanism may be found by considering the familiar and

(2  This relationship

empirical Monkman-Grant relationship.
states that the product of the minimum creep rate and the
rupture time is a constant for many engineering alloys over a

considerable range of stress and temperature.

m-
(0
n
Q

It has been observed that if the nucleation step is
circumvented by the implantation of grain boundary cavities in
a material, the Monkman-Grant relationship no longer describes
the creep behavior. This implies that cavity nucleation
controls the overall fracture process.(?

Cavity growth is thought to be controlled by one of
several mechanisms depending on the applied stress and
temperature.®® Grain boundary diffusion and plastic growth
are the two primary growth mechanisms. The resulting
deformation is accommodated by either diffusional creep or
dislocation (power law) creep within the grain.(® The
predicted stress dependency for the different mechanisms is
shown for silver in Figure 4.9 The dashed line represents
the effective growth rate at a given stress. The effective
cavity growth rate is dominated by the accommodation
mechanism, which especially 1limits the grain boundary
diffusion growth mechanism usually seen.

Cavity growth may be either unconstrained, or
constrained. Unconstrained growth is associated with
relatively uniformly cavitated grain boundaries, with each
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grain cavitating by diffusion and accommodating by the
mechanism appropriate for the particular temperature and
stress. Constrained growth occurs when the distribution of
grain boundary cavities is inhomogeneous, and deformation in
a highly cavitated grain is constrained by resistance from an
adjacent less cavitated grain.(%.2), This leads to 1load
shedding from the cavitated grains to the uncavitated ones.
Dyson points out that the dislocation creep rate in the
limiting uncavitated grain is a function of the octahedral
shear stress to some nth power. In unconstrained growth the
stress dependence is theoretically linear.

Argon observed that while the theoretical studies of
cavity formation and growth have shed much light, complete
models using these results tend to be substantially in error
when predicting times to failure.?

2.2 Creep of 2 1/4Cr-1Mo Ferritic Steel

The creep behavior of 2 1/4Cr-1Mo steel follows the same
general pattern as outlined above. The fracture mechanism map
for an annealed material is seen in Figure 5., The
fracture mechanisms are similar to those in pure iron,
although the extent and position of the various fields differ
somewhat because of the alloying effects. It was noted that
creep fracture is ductile and transgranular for test times of
up to 1X107 secs. While this does not mean that cavitation is
not occurring, it is not the limiting fracture mechanism.

For perspective, both the field service and the
laboratory stress/rupture tests to be discussed later are at
a nominal stress of 41 MN/m? (6,000 psi) and range in
temperature from 0.45Tm (field service - 1005°F) to 0.55Tm
(highest test temperature - 1350°F). Field service has
already exceeded 1X10% seconds, and the laboratory tests did
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not extend beyond about 2X10° seconds. Therefore, it was not
expected that the as-removed base metal would exhibit
intergranular failure by cavity formation. However, this was
not always the case with the weld heat affected zones as
modified by the simulated field heat treatment.

The chromium-molybdenum steels exhibit a variety of
carbide types depending on their state of heat treatment.
These carbides confer a greater or lesser degree of creep
resistance and hot tensile strength. The extent of this
varies with the specific carbide, and also upon the amount of
molybdenum remaining in solid solution. This latter effect is
also not a simple one.

Investigations into the effects of interstitial and
substitutional solid solutions of alloying elements in iron,
such as C, N, Cr, Mo, and Mn, have shown synergistic
interactions between the two classes of additives®3®, If one
type or the other were added, the improvement in strength was
modest. However, if both an interstitial and a substitutional
alloying element were added the increase in creep and elevated
temperature tensile strength could be substantial, even though
no precipitation was observed.

This effect was especially strong when N was added to an

Fe-Mn alloy, or when C or N was added to Fe~-Cr or Fe-Mo
alloys. It was noted that greatest strengthening occurred in
the latter alloys. In all of these, the observed improvement
has been ascribed to what is termed interaction solid solution
strengthening by clusters of associated interstitial and solid
solution atoms.
These clusters interact with the three dimensional dislocation
networks to impede plastic deformation. The amount of
molybdenum required to produce effective strengthening is not
high. It is felt that the dislocation networks are saturated
with Mo at about 1 w/o in solid solution. "
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This type of solution hardening is not stable at elevated
temperatures because of the chemical affinity of the various
elements present. Precipitates form which include atoms from
the iron matrix and the interstitial and solid solution atoms.
These precipitates, which vary in their strengthening
abilities, assume the role of impeding dislocation movement as
the alloying elements are depleted from the matrix.

The nature, size, and spacing of the precipitates
relative to the structure and spacing of the dislocation
network have important effects on the creep strength. When
exposed to elevated temperatures, it is wusual for a
precipitate system to change. Earlier metastable types either
transform to or provide material for 1later more stable
precipitates, which typically are larger, more rounded, and
more widely spaced. This reduces the interaction with the
dislocation network, leading to lower creep strength.

The precipitates present depend upon the overall
chemistry of the steel, the thermal exposure, and the degree
of creep deformation experienced. Plain carbon steels always
have the orthorhombic M,C present, where M is almost
completely Fe. In steels containing molybdenum only, there is
also a hexagonal close packed molybdenum rich M,C. This phase
transforms to the complex cubic M,C containing iron and
molybdenum in a 2:1 or 1:1 ratio.®?3% 1In chromium steels, the
trigonal Cr,C; is present, as is the M,C, complex fcc
precipitate.® 1In Ccr-Mo steels, all of these precipitates
may be present, with substitution of one metal atom for
another being the rule rather than the exception.

In the absence of creep deformation, transformations are
driven by chemical and structural free energy considerations.
If creep deformation is occurring, it may retard or accelerate
the transformation.®™3) The Mo,C to M,C transformation is
accelerated by plastic strain, while the Cr,C; to Cr,C,
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transformation is slightly retarded.

The heat treatment and microstructure of the steel are
also important. Carbide stability and creep strength are
influenced by whether the microstructure is martensite,
bainite, or ferrite.

The classic study of carbide development in a 2 1/4Cr-1Mo
steel was performed by Baker and Nutting in 1959.Y" They
tempered both quenched (martensite) and normalized (ferrite +
bainite) material over a temperature range of 400°C to 750°C
for times up to 1,000 hours. The transformation kinetics for
the normalized material are shown in Figure 6 (after Ref. 12).
Note that e-carbide is an early transformation product with a
hexagonal close packed structure and a general formula of Fe,
5C-

In fact, the ferrite and bainite structures go through
different transformation sequences. The bainite transforms as
shown below, in a manner similar to martensite, while the
ferrite exhibits different behavior.®"

----------- 2Cr,Cy
t '
Bainite e~carbide cementite 3 M,C, = M.C
+ % cementite 2 +
cementite Mo,C
Ferrite Mo,C = M,C

It is generally accepted that Mo,C is the primary
strengthening phase in this steel. It is the only carbide
other than the e-carbide that nucleates as a dispersion in the
matrix. It persists for a considerable time in the ferrite
phase, and it has been observed that ferritic structures have
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better long term creep strength than tempered martensite or
bainite. These latter structures are initially harder and
stronger, and the early appearance of Mo,C gives them higher
short term creep resistance. This early advantage eventually
dissipates as the ultimate transformation to the coarse M,C
continues. This terminal phase, and the intermediates M,C,
and Cr,C;, nucleate, for the most part on earlier carbides, or
at the carbide/matrix interfaces.

The Baker & Nutting paper has a 1large amount of
information and insights which are of considerable assistance
in stress/rupture test data evaluation. Supplementary studies

38 In addition

conducted by others have also proven of value.
to the optical and electron microscope examinations of the
various structures and carbide morphologies other analytical
techniques have been utilized. These include anodic
dissolution to recover the carbides, and differential
dissolution/x-ray methods to quantify and analyze them.®94®
Such techniques can be used to rationalize the information
derived from creep rupture testing.

Evaluation of creep experiments on the chromium -
molybdenum steels has taken many forms.%!"%9 fThe treatments
range from detailed models of a limited data set2 .46 o
more general models of large data sets®“!%),  These latter
treatments are related to the mathematical extrapolation
methods to be described shortly.

These references point out the caution necessary in any
extrapolation or modelling of creep behavior in these
materials. Most extrapolative testing is done in the creep
ductile range where intragranular failure occurs, while long
term service behavior is more often low ductility creep with
intergranular failure and profuse cavity formation. The most
literature accessible constant for +the Monkman-Grant
relationship described earlier was, for 2 1/4Cr-1Mo, derived
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for test times of up to 10,000 hours.?’ This constant is
known to change as a function of stress, and is an integral
part of some extrapolative schemes. In addition, many
experiments have been conducted using quenched and tempered
material, which has better short term creep properties than
structures that are largely ferrite. A Monkman-Grant constant
derived from short term tests of the former material would not
necessarily reflect the long term service behavior of the
latter.

In addition to the above factors, the wvariation in
impurity levels is likely to change the creep/stress-rupture
properties of 2 1/4Cr-1Mo. The effect of impurities on cavity
formation and growth has been the subject of some study. It
is generally acknowledged that impurities such as sulfur,
phosphorus, tin, antimony, and copper are deleterious. The
specific mechanism of property degradation for a given element
is not always clear.

Cane and Middleton reported that cavities prefer to
nucleate on grain boundary sulfides? at much lower stress
levels than are required for nucleation on carbides. A
general reduction in impurity levels relative to commercial
steels was shown to sharply reduce cavity formation in Cr - Mo
steels®, More detailed work revealed that P acted both to
produce embrittlement as well as reducing the critical size
for stable cavity nucleation‘®7®, sn, Sb, cu, and S were
found by the same experimenters to migrate to cavities and
increase the cavity growth rate. This is not completely
consistent with Ref. 43 in the case of sulfur.

Stevens and Flewitt found that the most important
decrease in creep/stress-rupture properties due to phosphorous
was not related to its effect on cavity nucleation or
growth’", Instead, they observed a strong propensity for
phosphorous to enhance the formation and stability of the non
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strengthening M,C phase. Later work has shown sulfur to be
the most important impurity for causing 1low ductility
intergranular crack initiation and propagation(?™, pissolved
sulfur was thought to be the most important source.

These observations suggest that reduction of impurity
levels in 2 1/4Cr-1Mo steel by improved steel making processes
would increase the creep/stress-rupture properties and improve
the high temperature creep ductility of the material. If this
were accompanied by an appropriate increase in the room
temperature tensile properties there might be no change in the
validity of the oxidation corrected industry database to be
discussed shortly. If the room temperature tensile strength
were unaffected, the relationship derived from the database
would be excessively conservative.

It should be recognized that the database, and the steel
used for testing in this project, are typical of older
material produced, in the latter case, prior to 1980.

2.3 Extrapolation Methods

A variety of methods have been developed for
extrapolating observed creep rates or rupture lives to longer
times and different temperatures.®“ %), some methods involved
nothing more complicated than simple graphical
extrapolation.® % Most involve a defined parameter and are
derived from very general descriptions of the creep rupture
process. (124955 a gelection of the latter are shown in Figure
7.¢922 The terms used are defined as follows: P = parameter

value, t = time to rupture, t, = intercept on the time axis,
T, = intercept on the absolute temperature axis, K,, B, and B,
= constants.

There is an additional method called the MCM or minimum

commitment method, which imposes few constraints on the
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parametric description.!® It is calculated by a computer
program, whereas the other methods shown may be derived
graphically given adequate data.

The Larson-Miller parameter (ILMP) is probably the most
used method, and is usually as accurate as any.®? This
parameter can be derived from the generalized stress and
temperature dependence of the creep rate or rupture time.('?

t. = A exp(B/T)
log t,. = log A + B/2.3T

If A is assumed to be a constant and only B varies with
stress: B/2.3 = T(log t. - log A)
B/2.3 = IMP = T(log t_ + C)

It has been observed that the constant C varies for
different materials and for heats within a material. Strictly
speaking, it should be evaluated as locally as possible.
However, a value of 20 is reasonably accurate for many metals,
and is quite close for 2 1/4Cr-1Mo steel in particular.®%

In any case, the stress-rupture testing in this program
was all conducted at one stress, which makes it impossible to
derive heat specific values of C, or to derive the constants
for any of the other extrapolative expressions. Also, using
the Larson-Miller parameter expression, LMP = T(log t_ + 20),
allows direct comparison with an oxidation corrected industry
standard database (Figure 8).%® This database also relates
the material behavior to the pretest tensile strength.

2.4 other Considerations

The strong probability that the hot bending process
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raised the material above the Ac, temperature complicates this
assessment. If the process truly amounted to only a long term
temper, it would be expected that stress-rupture properties
would decrease with increasing time at temperature. This
might be modified by movement of Mo from ineffective
strengthening precipitates to solid solution. It would be of
concern if the loss of stress-rupture properties were as bad
as has been observed for 1Cr-0.5Mo material, where the effect
of a similar temper reduced time to rupture from 2800 hours to
290 hours.®” Lesser effects could be accepted, since the use
of the material is conservative, and the normal stress-rupture
life is so long.

It is not known what effect raising the material into the
partially austenitic range might have on the stress-rupture
properties. Anything that either resets the precipitation
clock, or releases Mo from a non-strengthening precipitate
back to the matrix, should reduce the deleterious effects of
over-tempering. However, the heat treatments used tested this
issue directly.

If exposure at 1450°F does produce better results than
anticipated from tempering below Ac,, then primary concern
would be shifted to adjacent areas that saw an extended
tempering just below Ac,. This required testing of additional
samples that had been appropriately heat treated.

An item of interest was the relative performance of the
weld containing samples. The geometry of the material/stress
system means that the 6,000 psi stress for these tests is much
higher than the coarse grained bainitic weld heat affected
zones actually see in service. They are not a primary concern
unless their properties are extremely poor. However, in
headers and other complex weldments this is not necessarily
true, and these tests permit comparative evaluations.




3.0 EXPERTMENTAL PROCEDURE

3.1 Purpose of the lLaboratory Testing

The purpose of the laboratory testing was to generate a
database that would allow quantitative comparison with both
industry standard data and field observations. This included
duplication of field material by heat treating material
removed from the field at the time of the repairs to match the
thermal exposure experienced by the field material. The
appropriately heat treated material was then stress-rupture
tested, hardness tested by a variety of instruments, and
examined metallographically. This series of examinations
produced some apparent anomalies, and additional heat
treatments were also tested.

3.2 Laboratory Heat Treatments

Based on field heat treatment records, the following
time-temperature histories were applied to two main sets of
samples that were compared to the as-removed material.

Heat Treat Schedule 1
1. Heat to 600 °F at unrestricted degrees F per hour.
2. Heat from 600 °F to 1100 °F at 250 °F per hour maximum.
3. Heat from 1100 °F to 1460 °F (+/- 10 °F) at 100 °F per
hour maximum.
. Hold at 1460 °F (+/- 10 °F) for 5 hours.
Cool to 1100 °F at 100 °F per hour maximum.
Cool from 1100 °F to 600 °F at 250 °F per hour maximum.
Cool from 600 °F to room temperature at unrestricted °F

~N 6 O s

per hour.
Heat Treat Schedule 2 was the same as Schedule 1 except that
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the holding time at 1460°F was 10 hours.

Two series of samples were used. The first was from a
pipe section designated A, and consisted entirely of base
metal samples tested in the hoop direction. The second was
from a second pipe section designated B, and consisted of
longitudinal samples which included a circumferential girth
weld in the gage section. 1In this way, the effects of the
weld and weld heat affected zone on the creep properties were
evaluated.

In order to investigate the effects of the hot bending
process on the weldments a group of samples were prestrained
to 2% plastic strain at 1460°F after the schedule 2 heat
treatment and prior to stress-rupture testing. This was
intended to approximate the most severe field procedure.
Since the plastic strain was applied to both the weld and the
base metal, both conditions were tested at the same time.

3.3 Stress-Rupture Testing

3.3.1 General

Both pipe sections were characterized prior to testing to
insure that they represented acceptable material under the
ASME Code. The requirements of ASME A335 Gr P22 were
applicable.

Stress-rupture testing was conducted at a stress of 6,000
psi and a variety of temperatures. Temperatures were chosen
so that times to rupture fell in the range of 50 to 1,000
hours. This required temperatures in the 1200°F to 1350°F
range. The increased temperature method of test acceleration
has been shown to be acceptable for the chromium-molybdenum
steels. It has been found to be accurate for test times as
low as 432 hours.®” In contrast, the increased stress method
of test acceleration was observed to produce extremely
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pessimistic results, especially for shorter term tests.®"

The stress chosen for the stress-rupture testing was
calculated by the maximum Lame hoop stress formula. This has
been shown to be a conservative choice by an evaluation
reported in Reference 56. When uniaxial tests were compared
to burst tests the use of the maximum Lame hoop stress led to
an 1130 psi overage in the uniaxial test. This shifted the
uniaxial curve to lower rupture times than for the burst
tests. The use of this stress for test purposes is admittedly
conservative. However, it is a known conservatism, and is
intended to allow for possible below minimum wall pipe. Also,
the evaluation being performed here is a comparative one, with
the treated and untreated material each being exposed at the
conservative stress level.

The effects of oxidation on stress-rupture test results
must also be considered. This is especially true when
increased temperature is used to accelerate the test. The
actual pipe will not experience meaningful oxidation during
its 1life. However, small samples tested at increased
temperatures suffer 1loss of 1load bearing area due to
oxidation. This effect was corrected for so that accurate
comparisons may be made with the oxidation corrected industry
database. The equations used are reported in Reference 56,
and were originally due to work by Moles, Westwood, and Pinder
in two earlier papers. The equations are shown in Figure 9.

Reference 56 also reports on an ageing curve developed
for 2 1/4Cr-1Mo by Chopra. This curve, shown in Figure 10,
relates the reduction in tensile strength to the thermal
exposure. It will be used in later data analysis.

In all of these correlations there appears to be an
implicit assumption that the material remains below its lower
critical temperature, Ac,. A continuous cooling
transformation diagram on page 203 of Reference 12 implies
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that Ac, is about 1470°F. The ASME B31.1 Power Piping Code
gives it as 1480°F in Table 129.3.2. However, Wada and Eldis
measured Ac, for three standard 2 1/4Cr-1Mo steels and found
it to be in the range of 750-780°C (1382-1436°F).%% In
addition, they discovered that it varied within this range for
a specific steel depending on heat treatment. Most other
researchers data fell within this 1382-1436°F range. A
Gleeble evaluation of the starting material used here yielded
a value of 1472°F, yet partial austenization has clearly taken
place in many of the samples.

There is probable that in many instances the 1450°F hot
bending process did not act only as a tempering heat
treatment, but also caused austenization of the alloy to some
extent. This extent would depend on the exact chemistry of
the steel, as well as the prior partitioning of alloying
elements between the matrix and the alloy carbides. The
section being heat treated might end up in a more creep
resistant condition than the material immediately adjacent to
it.

In addition to the possible effects of heating the
material above Ac,, long term service exposed 2 1/4Cr-1Mo has
been observed to regain elevated temperature strength when
tempered for a short time at 730°C (1346°F).®%% This has been
explained by the hypothesis that the additional exposure had
caused the dissolution of a molybdenum containing precipitate,
releasing Mo to act as a matrix strengthener. Analysis did,
in fact, show that Mo in the matrix increased from 0.28 w/o to
0.44 w/0o during tempering.

All of the above considerations may affect the behavior
of the hot bent field material. For this reason, the sample
material must experience the same thermal exposure prior to

testing.
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3.3.2 Laboratory Sample Description
Standard 0.500" diameter, 2" gage length samples were

used for both tensile testing, and stress-rupture testing.
Samples were removed from the appropriately heat treated
block. The basic sample designation reflects the block that
it came from. Additional heat treatment may have been
performed. This is indicated by additional nomenclature,
which will be explained as encountered.

The use of the various blocks is as follows:
1. Al. As-removed material with no additional heat
treatment. Always tested in the transverse (hoop) direction.
Base metal only.
2. A2. As-removed material with several heat treatments
discussed later. Always tested in the transverse direction.
Base metal only.
3. A3. Equivalent to Al plus heat treatment schedule 1 (five
hours at 1460°F). Always tested in the transverse direction.
Base metal only.
4. A4. Equivalent to Al with several heat treatments
discussed later. Always tested in the transverse direction.
Base metal only.
5. A5. Equivalent to Al plus heat treatment schedule 2 (ten
hours at 1460°F). Always tested in the transverse direction.
Base metal only.
6. Bl. As-removed material with circumferential butt weld.
No additional heat treatment. Always tested in the axial
direction with the weld/base metal interface in the gage
section.
7. B3. Equivalent to Bl plus heat treatment schedule 1.
Always tested in the axial direction with the weld/base metal
interface in the gage section.
8. B5. Equivalent to Bl plus heat treatment schedule 2.
Always tested in the axial direction with the weld/base metal
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interface in the gage section.

9. B6. Same as B5, except strained to 2% plastic strain at
1450°F prior to testing. Always tested in the axial direction
with the weld/base metal interface in the gage section.

The room temperature tensile properties of the main test
series samples are shown in Table I. The B1T sample was a
transverse sample from the base metal of one of the pipes
comprising the B series weldment. All as-removed material met
the chemical and physical property requirements of ASME SA
335, P22. The weld metal in the B series samples was also
analyzed. The relevant chemistries are found in Table II.

The main test series samples were intended to evaluate
the effects of the simulated field hot bending thermal
exposures. In addition, it was decided to evaluate the
effects of longer term exposures at 1450°F and 1375°F. The
former was intended to test the hypothesis that the material
was in fact above its Ac, temperature. After 2, 25, 50, and
100 hours at 1450°F, the samples were air cooled, rather than
slowly cooled as in the simulated field exposure.

The 1375°F exposures were intended to provide some
insight into the behavior of material adjacent to the heated
regions. Three samples were chosen to provide trend
information. The exposure times of 8, 13.7, and 28.2 hours
were calculated, using the aging formula in Reference 56, to
be nominally equivalent to 1450°F exposures of 3, 5, and 10

hours.

3.4 Laboratory Hardness Testing

In addition to the stress-rupture samples, sections were
machined from each heat treated block, and surface ground for
hardness measurements. In the case of the B series samples,
this involved a hardness traverse across each longitudinal




AlT
A3T
AS5T

B1T
B1L
B3L
B5L

Notes:

Element

C
P
S
Mn
Cr
Mo
Si
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TAB
Tensile Properties
¥S, psi UTS, psi %E1 in 2" %$RA
30,200 68,800 31.0 62.0
26,800 63,700 32.5 65.5
29,400 68,000 31.6 66.0
30,200 72,000 29.0 64.0
37,400 74,700 22.5 67.2
29,800 66,900 29.5 71.2
34,200 70,300 26.0 70.2

T = transverse sample from base metal.
longitudinal sample including weld/basemetal interface in
gage section.

Al, Bl
A3, B3
A5, BS

As-remove

d

L =

As-removed + 5 hrs 1460°F + Furnace Cool
As-removed + 10 hrs 1460°F + Furnace Cool

Table IXY
Chemical Analyses
A Samples B Samples
0.10 w/0 0.12 w/o
0.011 w/o 0.012 w/0
0.011 w/o 0.008 w/0
0.55 w/o0 0.52 w/o
2.14 w/o 2.06 w/o
1.03 w/o 0.96 w/o
0.41 w/o 0.47 w/0

B Weld Metal

0.052 w/o0
0.019 w/o
0.015 w/o0
0.78 w/o0
2.03 w/o
1.23 w/o0
0.61 w/0
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sample from base metal to base metal. For all A series
samples a sufficient number of hardness readings were taken to
characterize each condition.

Hardness tests were conducted using a Rockwell hardness
tester and an Equotip hardness tester. The latter device
works by comparing the velocity of an incoming impact body
with the velocity after striking the test surface. It has
proven to be very accurate and reliable in both the laboratory
and field settings. It was used exclusively for the field
measurements described later.

In addition to the conversion tables provided by the
device manufacturer, equivalences were developed between the
Equotip tester and standard macrohardness test methods using
the laboratory samples. This provided a check on the accuracy
of the Equotip general conversion tables as applied to 2
1/4Cr-1Mo material.

Hardness changes have been investigated as a method of
evaluating in-service microstructural degradation.(?®  For
maximum utility, the beginning hardness of the material should
be known. While this is not known for the field material
here, a relationship was developed for the laboratory samples.
Also, the use of hardness to estimate tensile strength should
permit analyses similar to those employed in superheater tube
evaluation in Reference 56. If the exposure parameters of the
material are known, this methodology allows recovery of the
initial tensile strength (and hardness) for comparison to a
large database for 2 1/4Cr-1Mo material. The recent
publication of this paper opens up a number of previously

unexplored evaluation paths.

3.5 Metallography on Laboratory Samples

Metallography was conducted on a broad spectrum of pre
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and post test samples. Standard metallographic procedures
were used. Etchants were 1 - 4 % Nital, or Picral, depending
on the aspect of the structure being investigated. All
photomicrographs are of Nital etched samples.

3.6 Anodic Dissolution of Matrix

In order to investigate the effect of matrix or solid
solution alloy content on stress-rupture behavior a limited
number of anodic dissolutions of the matrix were performed.
The technique may also be used to collect carbides for
differential dissolution or X-ray diffraction, and has been
shown to reliably dissolve the matrix without attacking the
carbides®®40), The dissolution was accomplished by making the
sample the anode vs a platinum cathode in a 10% HCl in
methanol solution, which was subsequently analyzed by the
inductively coupled plasma (ICP) method.

3.7 Purpose of the Field Evaluations

The field evaluations were intended to establish an
equivalence between specific sections of installed piping and
similarly treated laboratory samples. If this were not always
possible, it was necessary, at a minimum, to detect if there
was any evidence of serious degradation. The methodology for
this was similar to that used in determining remaining life
for high temperature systems.

The primary tools available for such evaluations are
metallographic replication and field hardness measurements.
If serious degradation is found by these methods, removal of
mechanical test samples from the piping is possible.
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3.8 Metallographic Replication

3.8.1 General

Metallographic replication may be used to detect the
nature of the alloy carbides present and their degree of
coarsening. The progress of this coarsening can be related to
expected service life. ¢ However, the number of different
precipitates in service exposed 2 1/4Cr-1Mo is rather

G and there is a range of shapes present, depending on

large
whether the mode of inquiry is optical or electron microscopy.

In the present instance, an already complex material has
been subjected to some atypical heat treatments. Tracking
quantitative changes in precipitate morphology is not likely
to be profitable. However, metallographic replication may be
used to establish a nominal equivalence between field and
laboratory material.

The most important use of replication is to determine if
serious damage has occurred by detecting cavities about 1 um
or larger in diameter. The presence and number of these
cavities can be related to the creep life fraction consumed,
as shown in Figures 11 & 12 (reported in Reference 12). Note
that one of these figures is quantitative in nature, while the
other describes a qualitative trend. The presence of cavities
in the field material at this time would be of considerable
concern.

In a long term examination scheme, it is not clear that
material with the unusual thermal exposure imposed on these
pipe sections would respond as expected. Since the pattern of
precipitation has been altered, it is possible that the
quantitative manifestation of detectable cavities will be
altered. If it were altered to be more like that of a carbon
steel, the fraction of cavitated grain boundaries might be
much lower even when fracture was imminent.




Number fraction of cavitated boundaries (A]

l l l !

f a4l 1Cr-4,bMo steel (high residual)
' A550°C, 75 MPa
a575°C, 43 MPa
m575°C, 75 MPa
0 605 °C, 43 MPa (multiple replica-
tions from a single specimen)

1.2+

1Cr-,Mo steel (commercial purity)
A 550 °C, 75 MPa
0.8 ® 575°C, 43 MPa

2,Cr-1Mo steel
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and 149 MPa

0.4}— 1,Cr-1%Mo-1,V steel
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Expended life fraction, t/t.

Figure 11
Quantitative Cavity Formation vs Life Fraction
for Cr-Mo Steels?
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Creep strain

Damage -
parameter Action required

A None until next N
major scheduled
maintenance outage

8 Replica test at
specthied interval

C Limited service
until repair

D Immediate repair

4
Oriented cawvities

Isolated cavities

Fracture

Macrocracks

Microcracks

Exposure ume

Figure 12

Creep Life Assessment vs Cavity Classification*?
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For example, Figures 13 & 14 show the microstructure near
the stress-rupture failure location of a carbon steel tube
that was exposed at 1005°F for 26,500 hours. It was
inadvertently installed in a superheater bundle in place of a
2 1/4Cr-1Mo tube. If one refers back to Figure 3, it
appears that this may well be the expected level of cavitation
for a carbon steel tube. A normally heat treated and service
exposed 2 1/4Cr-1Mo pipe with this level of cavitation would
not be expected to be near failure, although it would warrant
further investigation.

Another drawback to field replication is the concern that
the structure being replicated is the real structure through
the nominal 2" wall thickness of the pipe. These pipes may
have decarburized surfaces, which will remove all clues to
pipe condition other than the presence or absence of cavities.
Sections removed from the inside diameter of this line in 1986
exhibited an anomalous microstructure with substantial surface
decarburization of from 0.035" to 0.137". The cause of this
anomalous surface microstructure is not known. Several
examples will be presented in conjunction with the field
replication results later.

If this decarburized microstructure also exists on the
outside surface, metallographic preparation and replication
will reveal a structure with very few carbides. This will
remove key correlation parameters with the laboratory samples,
which are examined throughout their cross section. The pipe
sections in this hot reheat 1line unfortunately tend to run
near their minimum wall of 1.869". There is a real reluctance
on the part of plant operators to risk encroachment on this
minimum. Therefore, some of the replicas may not yield any
more information than the presence or absence of dgrain

boundary cavitation.




Figure 13
Ruptured Carbon Steel Boiler Tube - Cavity Formation
50X Nital Etchant

Figure 14
Ruptured Carbon Steel Boiler Tube - Cavity Formation
400X Nital Etchant
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3.8.2 Replication Procedure
The replication process consists of the following steps.

1. Grind flat surface on pipe in area of interest using
commercial abrasive wheels up to 240 grit (e.g., 3M
Scotchbrite).

2. Prepare surface using metallographic abrasive papers
ranging from 80 grit to 600 grit.

3. Continue metallographic polish of surface using 9, 6, 3,
and 1pm diamond pastes.

4. Final polish with 0.05um alumina powder.

5. Etch with 4% Nital.

6. Repeat steps 4 & 5 two more times.

7. Replicate using acetate tape and acetate containing
solution. Spray back of replica with flat black enamel
and mount on glass slide with double sided carpet tape.
8. Repeat steps 4 & 5 with progressively longer etching
periods to obtain a satisfactory range of replica
definition for examination at different magnifications.
9. Examine using light microscope.

The surface preparation process seeks to produce the same
quality of surface as is achieved in laboratory metallography.
The replication step 1is intended to reproduce the
microstructure and preserve it for examination. These goals
are not always attained because of the difficult working
conditions in a power plant during an outage. For instance,
the large pipe had a very thin oxide scale, which was popping
off in tiny pieces as the pipe slowly cooled to ambient
temperature. If introduced into the work area, one of these
small abrasive pieces of magnetite could spoil a prepared
surface at almost any point in the process. The technique is
laborious in the extreme, and one 1is never completely
satisfied with the results.
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3.9 Field Hardness Testing

Hardness tests were also employed for comparison of field
conditions with laboratory samples. Field hardness testing
was conducted exclusively with the Equotip hardness tester.
Tests were conducted in the areas prepared for replication.

It should be noted that the presence of decarburization
on the outside diameter of the field piping will sharply
reduce the accuracy of the hardness measurements. In such a
case, the hardness based evaluation will predict 1lower
strength and shorter projected 1life than the interior
properties of the pipe would justify.




4.0 RESUITS

4.1 Stress—Rupture Testing

The stress-rupture test results for the main series
samples are given in Table III. Test temperature, actual time
to rupture, oxidation corrected time to rupture, and the
calculated Larson-Miller parameter are tabulated. The average
Larson-Miller parameter (LMP) for each group of samples is
also given, along with the standard deviation for that group.
Equivalent data are reported in Table IV for the supplementary
stress-rupture tests of the A2 and A4 sample groups. Note
that the rupture times used from now on will be the oxidation
- corrected rupture times.

The main series stress-rupture test results are plotted
in Figures 15-17. Examination of these figures reveals that
where duplicate tests were run, there is some scatter.
However, as will be seen shortly, there are definite average
trends and predicted differences in outcome among the heat
treatment conditions.

A wider spread in properties is reflected in the
supplementary A2 and A4 samples (Fiqure 18). Finally, from a
practical standpoint, the heat treatment conditions reflected
in Figure 19 are the ones of most importance in evaluating the
expected performance of the real piping. These represent the
thermal history of the piping and the adjacent piping.

The differences in the various heat treatment conditions
may be more easily be seen in terms of the experimentally
determined mean Larson-Miller parameters. The situation for
the main series of samples is seen in Figure 20. This shows
a similar pattern of variation for both A and B series
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Al

A3

A5

Bl

B3

B5

Bé6

Table III

Main Series Stress—-Rupture Test Results

°F °R tact, hr. tcorr, hr.
(As-removed)
1350 1810 57.2 60.5
1350 1810 97.1 104.5
1306 1766 307.6 342.9
1330 1790 183.6 201.5
1287 1747 475.6 538.8
1275 1735 569.0 647.6
(As-removed + 5 hrs 1460°F + Furnace Cool)
1287 1747 306.1 338.1
1287 1747 235.7 257.2
1304 1764 145.8 156.9
1338 1798 67.6 71.6
1270 1730 534.1 603.6
(As-removed + 5 hrs 1460°F + Furnace Cool)
1270 1730 569.2 645.9
1330 1790 91.4 97.5
1287 1747 368.9 411.6
1306 1766 201.6 220.1
(As-removed)
1279 1739 326.0 360.0
1295 1755 255.5 280.7
1313 1773 177.1 192.7
1330 1790 135.3 146.5
1350 1810 43.2 45.3
(As-removed + 5 hrs 1460°F + Furnace Cool)
1252 1712 581.2 653.6
1252 1712 448.1 496.6
1316 1776 93.0 98.9
1287 1747 193.8 209.7
1264 1724 463.3 517.5
(As-removed + 5 hrs 1460°F + Furnace Cool)
1287 1747 270.6 297.1
1270 1730 371.0 410.7
1330 1790 48.8 51.2
1306 1766 139.1 149.6

IMPcorr

39.42
39.85
39.80
39.92
39.71
39.58
39.71 0.18

39.36
39.15
39.10
39.30
39.41
39.26 0.13

39.46
39.36
39.51
39.46
39.45 0.06

39.23
39.40
39.51
39.68
39.20
39.40 0.20

39.06
38.86
39.06
39.00
39.16
39.03 0.11

39.26
39.12
38.86
39.16
39.10 0.17

(As-removed + 5 hrs 1460°F + Furnace Cool + Strained

1460°F+ Air Cool)

1287 1747
1306 1766
1325 1785
1260 1720

241.7
144.6
213.1
632.4

264.0
155.7
235.0
718.3

39.17
39.19
39.93
39.31
39.40 0.36
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Table IV
A2 & A4 Stress-Rupture Test Results
T°F T°R tact, hr. tcorr, hr. LIMPcorr
A2-2 (As-removed + 2 hrs 1450°F + Air Cool)
1330 1790 126.9 137.0 39.62
1290 1750 316.6 350.8 39.45
39.54 0.12
A2-25 (As-removed + 25 hrs 1450°F + Air Cool)
1330 1790 45.9 48.1 38.82
1290 1750 199.2 216.0 39.09
38.96 0.19
A2-50 (As-removed + 50 hrs 1450°F + Air Cool)
1330 1790 49.5 51.9 38.87
1290 1750 202.4 219.6 39.10
38.98 0.16
A2-100 (As-removed + 100 hrs 1450°F + Air Cool) '
1330 1790 52.2 54.8 38.91
1290 1750 168.1 181.1 38.95
38.93 0.03
A4-8 (As-removed + 8 hrs 1375°F + Air Cool)
1330 1790 82.9 88.2 39.28
1290 1750 301.0 332.7 39.41
39.34 0.09
A4-13.7 (As-removed + 13.8 hrs 1375°F + Air Cool)
1330 1790 80.8 85.9 39.26
1290 1750 418.7 471.3 39.68
39.47 0.30
A4-28.2 (As-removed + 28.2 hrs 1375°F + Air Cool)
1330 1790 56.9 59.9 38.98
1290 1750 272.0 299.1 39.33
39.16 0.25
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RUPTURE TIME, HOURS
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MEAN LARSON-MILLER PARAMETER
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samples, and also demonstrates the effect of the weld heat
affected zone in the B series. As mentioned earlier, this
WHAZ is oriented so that it does not see the maximum hoop
stress in the field heat treated piping.

Figure 21 presents similar information for all the A
samples, both from the main and supplementary series heat
treatments. It 1is apparent that 1460°F exposure for
increasing time followed by a slow cool as per heat treatments
1 or 2 does not lead to continually decreasing properties, as
would be expected from extended subcritical tempering. It is
also apparent from the longer term A2 sample results that
extended exposure at 1450°F followed by air cooling is more
deleterious to stress-rupture properties.

The extended exposure of the A4 samples below the
expected Ac, temperature does lead to slowly decreasing
properties, except for the 13.7 hour exposure results. These
results are based on only two samples, one of which was
substantially higher that the other. If the higher data point
were excluded and only the other one used (see Table IV), the
ILMP value of 39.26 would be appropriate relative to the other
exposure time results.

If the LMP values in these figures are used to calculate
the predicted rupture times at the operating temperature of
1005°F, the results are as shown in Figures 22 & 23. It is
apparent that the predicted loss of stress-rupture properties
is not as severe as the factor of ten observed for the
overtempered 1Cr-1/2Mo steel described in Reference 57. 1In
fact, at the longer test times observed here the actual
variation in rupture time from the worst sample (A2-100) to
the best sample (Al) was slightly under a factor of 3.5.
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4.2 Laboratory Sample Hardness Testing

Hardness testing using the portable Equotip hardness
tester is one of the field useable investigative methods. 1In
order to have a basis for comparison, the laboratory samples
were fully characterized by this method. In addition,
hardness tests of the same samples were made using the
Rockwell hardness tester on the Rockwell B scale. The results
are found in Table V. The purpose of performing the Rockwell
B hardness tests (which cannot be done in the field) was to
check the accuracy of the conversion tables provided with the
Equotip tester.

The measured Rb hardness is compared to converted Rb
hardness in Figure 24. It is apparent that the conversion
tables tend to slightly under call the hardness compared to
the measured values. The average deviation is 1.3 units on
the Rb scale. This is only slightly more than the calibration
tolerance of 1.0 units commonly observed in this range. Since
a substantial fraction of the deviation may have originated
from the Rockwell tester, no correction will be made in later
use of the conversion tables.

As noted in Table V, the B series plate samples contained
two different heats of base metal. The value for each base
metal is reported for each condition. The results of hardness
traverses across each plate are shown in Figures 25-27. 1In
addition to the Equotip hardness, an estimated tensile
strength corresponding to each hardness is also plotted. The
tensile strength was estimated using the Equotip conversion
tables and accepted empirical correlations.

The weld hardness drops sharply during the first five
hours exposure at 1460°F, but is little affected by the second
five hours.

If the base metal hardness variations of the main series




AB
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SAMPLE HARDNESSES

Al (As-removed)

A3 (As-removed + 5 hrs 1460°F + Furnace Cool)
A5 (As-removed + 10 hrs 1460°F + Furnace Cool)

A4-8 (As-removed + 8 hrs 1375°F + Air Cool)

Rb 73.5 84 1.1 ILa
Rb 71.0 sSd 0.6 Id
Rb 72.3 Sd 0.8 Ld

Rb 75.7 s8d 0.7 1d

A4-13.,7 (As-removed + 13.7 hrs

Rb 74.5 S84 0.4 Id

A4-13.7 (As-removed + 13.7 hrs

A2-2 (As-removed + 2 hrs 1450°F + Air Cool)
A2-25 (As-removed + 25 hrs 1450°F + Air Cool)
A2-50 (As~-removed + 50 hrs 1450°F + Air Cool)

A2-100 (As-removed + 100 hrs 1450°F + Air Cool)

Rb 73.3 84 0.4 Lad
Rb 82.3 S84 1.0 Ld
Rb 79.7 S84 0.5 Ld
Rb 84.6 Sd 0.4 1d

Rb 84.6 Sd 0.6 Ld

B1lA (As-removed)

Rb 75.6 4

B1B (As-removed)

B3A (As-removed + 5 hrs 1460°F + Furnace Cool)
B3B (As-removed + 5 hrs 1460°F + Furnace Cool)
B5A (As-removed + 10 hrs 1460°F + Furnace Cool)

B5B (As-removed + 10 hrs 1460°F + Furnace Cool)

Notes:
& B.

Rb 74.7 Id
Rb 72.6 Ld
Rb 69.7 Id
Rb 74.5 Ld

Rb 71.5 Ld

(2]

382.0

(2]

379.0

(2]

386.0

(2]

384.3 Sd 4.9 Rb,
380.4 Sd 2.8 Rb,
380.3 Sd 6.3 Rb,
394.0 Sd 3.6 Rb,
1375°F + Air Cool)
388.0 Sd 1.8 Rb,
1375°F + Air Cool)
383.0 sS4 2.0 Rb®
425.9 sd 8.1 Rb,
408.7 Sd 5.8 Rb,
427.4 84 3.1 Rb,
429.1 S4 3.8 Rbc
394.0 Rb,
386.0 Rb
Rb
Rb
Rb
Rb

376.0

[g)
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71.8

70.6

70.6

74.7

72.9

71.4

82.9

78.7

83.2

83.6

74.7

72.3

71.1

70.2

72.3

69.2

B samples have two different base metal sections, A

Rb = Rockwell B Hardnes

Ld = Equotip Hardness

Rb
table.

Sd = Standard Deviation

s

= Rockwell B hardness by conversion using Equotip




ROCKWELL B HARDNESS
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—— RB CONV  —1+- RB ACTUAL
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EQUOTIP HARDNESS
Figure 24 Hardness Conversion for Program Materials



64

06

00l

0S1

00¢

ale|d Lg - 8SJaAeil] S1N pue ssaupieH gg a4nbi4

S3IHONI 10 73M WOH4 JIONVLSIA
- z- g- z

v e 4 I 0

_ f I I

SIn x 4

%%%*%

R
%

+ ot

f ! I

+ , -

ISM 'HLDNIHLS ITUSNIL FLVINLLIN

‘SSINAHVH dILOND3

0G|

00c¢

0G¢

00¢

0G¢

00v

oSy

00¢S

0G¢S



65

ale|ld £9 - 9SJ49AeI] S1N pue ssaupieHq 9z 8.nbi4
SIHONI 10 d73M WOH4 IONVLSIA

061

00c¢

062

00¢

0S¢

1010)%

0sv

006

14 e c 8 0 - c- e- V- .
0 _ _ _ T H _ _

Sin ¥ al + . T
0G - R S, . —
% ¥ * > * % ¥ ¥ * >k
001} -~ . : , , “ ﬂ -
- T+ T o+ T

+ i N
Tt
oSt . , =
00¢

ISM 'HLONIHLS ITUSNIL ALVWILIN SSINAHVH d1LOND3

0SS



66

06

00l

0G|

00¢

ole|d Gg - 9SJ8ABI] S1N pue ssaupieHq /g 8.nbi4
SIHONI 1D d@13aM WOH4 JONVLSIA

ISY ‘HLHONIHLS FTISNIL ILVWILIN

SS3INAYVH diLOoND3

oGl

00c¢

0G¢

00¢€

06¢

1010)7

¥ € 2 ! 0 - z- e- -
T l f I I I I
sIn x a1l -+ -
Xk ok % P
*%* ¥ |
T o+ o+ Lo+ o+ T
LT
+F

0307

00¢

0SS



67

samples (Al, A3, A5, Bl, B3, & B5) are examined, it appears
that there is a decrease in hardness after the first five
hours of exposure. This is followed by a subsequent increase
(or no change) in the hardness after ten hours. The same
pattern has been observed in the Larson-Miller Parameter
variation for these samples.

4.3 Metallographic Examination of Laboratory Samples

4.3.1 Pretest Examination

Optical metallography was conducted on all heat treatment
conditions using a range of etchants and magnifications. This
permits a general appreciation of the microstructure as a
function of heat treatment. However, detailed identification
of precipitates is not reliable using optical metallography.
This can only be accomplished by a combination of electron
microscopy and selected area electron diffraction®®.

Fortunately, a general  —characterization of the
precipitation sequence has been performed by others¢238,  the
most useful aids in interpreting changes in the microstructure
are the tempering charts developed by Baker and Nutting®”.
The chart for a normalized and tempered 2 1/4Cr-1Mo steel has
been previously presented as Figure 6.

The CCT diagram presented by Wada and E1dis®® is also of
considerable assistance. This CCT diagram is shown in Figure
28. Cooling rates for the A3, A5, B3, and B5 heat treatments
are around 1°C/minute, while the rates for A2, A4, and B6 are
somewhat more rapid. These latter specimens were air cooled
from their final thermal exposure prior to testing.

The CCT diagram was developed for a completely
austenitized steel cooled from 900°C (1652°F). The exposure
temperature of 1450°F (788°C) would lead to only partial
austenitization prior to cooling. The degree of austenization
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and the nature of the remaining ferritic structure would
depend on the following factors.

1. The original heat treatment and microstructure of the
material.

2. The inservice thermal and mechanical exposure of the
material.

3. The time of exposure at 1450°F.

The first two considerations would determine the identity
of the carbide phases present, their relative abundance, and
their alloy content. All of the carbide phases will
incorporate multiple elements, thus depleting the matrix, and
each other, of these elements. Stabilities of the carbide
phases vary as a function of temperature, and may be roughly
predicted by examining the respective free energies of
formation. The transitions in the tempering sequence
determined by Baker and Nutting®” reflect this.

The progress of austenization would also be affected by
the diffusion of austenite forming elements such as carbon and
manganese and the ferrite forming elements such as chromium
and molybdenum. These elements are incorporated in the
carbides, as mentioned above, and must go somewhere when the
carbides dissolve. Thus the degree of austenization at any
particular time would depend strongly on prior history. This
effect has been noted for a 2 1/4Cr-1Mo steel of known
composition which showed a 54°F variation in Ac, temperature
depending on the prior heat treatments®?,

Because of the complexity of the factors involved, it is
difficult to predict the exact outcome of a given thermal
exposure. The microstructures resulting from the basic heat
treatments used in this investigation are shown in Figures 29
- 36. They are described below.

1. Figures 29 & 30. Material Al. As removed from the plant
at 13,000 hours. The structure appears to consist of ferrite,




29

F
-removed)

igure

440X

Sample Al (As

30

F
removed)

igure

Eal

Ni

1100X

Sample Al (As



71

pearlite (Fe,C and ferrite), and Mo,C, which is the profuse
elongated intragranular precipitate. Some of the rounded
minor grain boundary precipitate may also be Mo,C. Baker &
Nutting suggest that M,,C, may also be present. Others have
suggested that the carbide in the pearlite is at least partly
Mzsce(és)'

2. Figures 31 & 32. Material A3. As removed after 13,000
hours plus Heat Treatment Schedule 1 (5 hours at 1450°F plus
controlled cool). The structure appears to consist of
ferrite, degraded pearlite, and a high level of blocky grain
boundary precipitate. The profuse elongated Mo,C
precipitation has been replaced by a few smaller and more
rounded precipitates. The grain boundary precipitate could be
cr,C;.

3. Figures 33 & 34. Material A5. As removed after 13,000
hours plus Heat Treatment Schedule 2 (10 hours at 1460°F plus
controlled coo0l). The structure appears to consist of
ferrite, pearlite remnants, and a light tan phase that is
probably bainite. There is a fine intragranular precipitate
that appears to be in an ordered array.

4, Figure 35. Material A4-28.2. As removed after 13,000
hours plus 28.2 hours at 1375°F, air cool. This heat
treatment was intended to be just below the Ac, temperature.
The most notable features of the microstructure are the
remnants of pearlite, the grain boundary precipitate, and the
readily visible fine intergranular precipitate.

5. Figure 36. Material A2-100. As removed after 13,000
hours plus 100 hours at 1450°F, air cool. After this long
exposure in the austenite plus ferrite range about 25% of the
structure became austenite which transformed to bainite upon
air cooling. There is only the faintest trace of the original
pearlite, with almost no visible intragranular precipitates.

The bainite is quite apparent.




Figure 31
Sample A3 (As-removed + 5 hrs 1460°F + Furnace Cool)
440X Nital

Figure 32
Sample A3 (As-removed + 5 hrs 1460°F + Furnace Cool)
1100X Nital
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Figure 33
Sample A5 (As-removed + 10 hrs 1460°F + Furnace Cool)
440X Nital
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Figure 34
Sample A5 (As-removed + 10 hrs 1460°F + Furnace Cool)

1100X Nital

&



Figure 3
Sample A4-28.2 (As-removed + 28.2 hrs 1375°F + Air Cool)
440X Nital

Figure 36
Sample A2-100 (As-removed + 100 hrs 1450°F + Air Cool)
440X Nital



1D

The complete set of pretest metallographic micrographs is
found in Appendix 1. Captions with each micrograph include
the pertinent data. Note that in the A2 series there was some
variability of etching of the bainite. The B series
micrographs are similar to the A series in their base metal
views. Several micrographs of the coarse grained (bainitic)
heat affected zone are included. In subsequent stress-rupture
testing this was the fracture location in all the samples

examined.

4.3.2 Post Test Examination

Metallographic examination was conducted on
representative samples after stress-rupture testing. Failure
was ductile in all cases, although the all base metal samples
showed higher levels of ductility. In the weld containing B
series sample, fracture took place at the location of the
coarse grained weld heat affected zone.

Most of the metallographic sections may be found in
Appendix 2. For purposes of illustration, one A and one B
series sample will be discussed in detail here. The typical
appearance for an A series sample is seen in Figures 37 - 39.
The sample here is an Al sample which was tested at 6 ksi and
1275°F. Failure occurred at 648 hours (oxidation corrected),
and was ductile in nature.

Figure 37 shows the fracture surface in profile. Note
the high level of plastic deformation and the voids due to
inclusion drop out. These are not intergranular cavitation
voids. The decohesion of an inclusion may also be seen in
Figure 38. The combination of thermal aging and plastic
deformation have substantially degraded the microstructure.
only rounded carbides remain. carbide degradation is
substantially advanced in a section of the specimen further
away from the fracture surface (Figure 39).
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Figure 3

Sample Al-5 100X
Tested at 1275°F Ruptured at 648 hours

Figure 38
Sample Al1-5 400X
Tested at 1275°F Ruptured at 648 hours

76



Figure 39
Sample Al-5 400X
Tested at 1275°F Ruptured at 648 hours

Sample B6 (As-removed + 10 hrs 1460°F +
Strained 1460°F + Air Cool) 100X Nital

o
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A B6 sample (hot strained prior to stress-rupture
testing) that had a relatively long time to failure showed
somewhat less evidence of ductility (Figure 40). The
undeformed base metal showed no evidence of void formation
(Figure 41), but voids were noted in the nearby weld region
(Figures 42 & 43). The B6 samples in general exhibited lower
ductility than any other sample group, although their stress-
rupture failure times were among the best.

In Appendix 2, the low magnification (50X & 100X) views
are of the highly deformed region near the fracture.
Photomicrographs at 400X magnification are wusually of
relatively undeformed material away from the fracture.
Exceptions to this are Figures 2-2 and 2-5 which show deformed
regions with no evidence of void formation, and Figures 2-26
and 2-29 which are of deformed areas with possible cavity

formation at grain boundaries.

4.4 Matrix vs Total Alloy Content

Samples of Al, A3, A5, A2-100, and A4-28.2 were evaluated
by the anodic dissolution technique. Because of the small
size and fluid volume of the cell used, only a small amount of
material (3 - 4 mg) was dissolved from each sample. This led
to some difficulties in determining the weight dissolved
accurately. In order to rationalize the results, the data for
each sample were normalized to yield an additive total content
of 100%. These normalized results for the matrix alloy
content are compared to the total alloy content (a constant
for all A samples) in Table VI.

The solution of 10% HCl in methanol was analyzed by the
inductively coupled plasma (ICP) method. Analysts should be
aware that the methanol base may cause problems with the ICP
method. Adequate material must be dissolved to allow for
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Figure 41

Sample B6 (As-removed + 10 hrs 1460°F +
Strained 1460°F + Air Cool) 400X Nital

Figure 42
Sample B6 (As-removed + 10 hrs 1460°F +
Strained 1460°F + Air Cool) 100X Nital
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Figure 43
Sample B6 (As-removed + 10 hrs 1460°F +
Strained 1460°F + Air Cool) 400X Nital



Sample
Al

A3

A5
A2-100
A4-28.2
All
Notes:

Table VI
Total and Matrix Alloy Contents, W/0
cr, Mo, Mn,
1.65 0.44 0.59
1.85 0.76 0.56
1.87 0.70 0.57
2.14 0.83 0.50
1.90 0.72 0.56
cr, Mo, Mn,
2.14 1.03 0.55

Al (As-removed)

A3 (As-removed + 5 hrs 1460°F + Furnace Cool)

A5 (As-removed + 10 hrs 1460°F + Furnace Cool)
A2-100 (As-removed + 100 hrs 1460°F + Air Cool)
A4-28.2 (As-removed + 28.2 hrs 1375°F + Air Cool)

81
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considerable dilution with water.

4.5 Field Hardness Testing

Field hardness testing was performed on potential
replica areas that had been prepared through the 240 grit
abrasive level. These areas were designated Field Areas 1 -
6, and are shown schematically in Figure 44. The history of
these areas is summarized below.

1. Field Area 1 had been exposed to 10 hours at 1450°F
nominal (heat treatment schedule 2).

2. Field Area 2 had the same nominal exposure as FAl, except
that the end of the thermal blanket was supposed to be located
12 inches to the right of the weld. The left side of FA2 is
a 45° elbow.

3. Field Area 3 was on the side of the pipe. It included a
field weld, and had been exposed to 4-6 hours at 1450°F
nominal (heat treatment schedule 1).

4. Field Area 4 was at the same location as FA3 except that
it was 90° above on top of the pipe. The pipe on the left
side of the weld in these areas was the other end of the of
pipe in Field Areas 5 & 6.

5. Field Areas 5 & 6 were on the side and top respectively of
a pipe to tee weld that had seen 4 - 6 hours at 1450°F.

The hardness traverses across the field areas are shown
in Figures 45-49. Note that the data for Field Area 1 is
shown on the right hand side of the Field Area 2 graph. The
Equotip hardness has been corrected for position where
appropriate. The estimated tensile strength is also plotted.
It was calculated in the same manner as was done for the
laboratory samples.

These data show the field installed piping to be equal to
or lower than the laboratory samples in hardness and estimated




H1l1l Field Area 1
weld —
elbow 57" 6n
20" 7n
weld
elbow - 6" — |—— 16" gn
c b a
Field Area 2
weld
12n 12" 5w
c b a
Field Area 3
weld
12" 12" 5m
Field Areas 4, 5, & 6

Figure 44

Schematic Arrangement of Field Areas
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tensile strength. There are several possible reasons for
this, which will be discussed later.

4.6 Field Replication and Metallographic Examination

Field replication was conducted on Field Areas 1-3.
Replica locations for Field Areas 2 & 3 are indicated by the
letters a, b, and c in Figure 44. Surface preparation was as
described in 4.4.2 above. Replicas were made after multiple
polish and etch procedures. The replicas were then examined
using an optical microscope under bright field illumination.
The replicas presented below are a small fraction of those
actually made. Careful study of the complete set of replicas
at a variety of magnifications revealed no trace of grain
boundary cavities or voids. As mentioned, cavity formation at
this short time in service would be of serious concern.

The quality and resolution of the replicas is obviously
a concern when microstructural condition assessments are made.
Poor resolution may result at different stages of the process.
Some problems are:

1. Inadequate preparation of the surface and etching. The
causes here are basically the same as for conventional
metallography. Painstaking adherence to procedure and
maintenance of cleanliness are of paramount importance. This
is made difficult by the generally poor working conditions,
and the usual requirement to conform to plant schedules.
Errors at this stage cannot be recovered.

2. Use of the wrong replicating material or improper use of
the correct replicating material. One replicating system sold
by a major metallographic supply house was not easy to use and
produced poor replicas even under the best of circumstances.
It was not very good even when used on a mounted sample under
laboratory conditions. The regular acetate tape softened by
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acetone gives good detail but is difficult to handle in the
field. A kit consisting of a dissolved acetate material and
an acetate tape proved easiest to use.

3. Even the best replica firmly affixed to a glass slide with
double back tape has a tendency to curl. This degrades image
quality in the optical microscope. Fortunately, most of this
minor curling can be compensated for by the human eye. The
camera is not so tolerant , however, and some replicas with
inherently high resolution are difficult to document. It was
noted that the overall quality obtained from a given replica
decreased with storage time. Replicas should be examined and
photographed as soon as possible after they are taken.

When everything works out, the clarity of an optical
photomicrograph made from a replica is distinguishable from
its direct counterpart only by the reversed relief. It will
look different because of this, and of course will have no
color. Figure 63 (weld metal), Figure 70 (base metal), and
Figure 72 (base metal-WHAZ), are comparable in resolution and
clarity to most of the black and white photomicrographs in
this report.

Prior to discussing typical field replicas, some
photomicrographs of the anomalous decarburized surface
condition mentioned earlier will be presented for the purpose
of comparison. These views have been rephotographed from the
1986 work, and are found in Figures 50 -~ 52. The
metallographic sections were taken in the transverse or
longitudinal through thickness direction rather than the
radial direction used in taking the replicas.

The interesting feature of the microstructures is the
transition from an interior pearlite containing region of
normally oriented equiaxed grains to a decarburized subsurface
region containing oriented nonequiaxed grains. The
thermomechanical process responsible for the formation of this




1986 Sample
67X

1986 Sample
67X

Figure 50

Figure 51

Near Surface
Nital

Near Surface
Nital




Figure 52
1986 Sample Near Surface
67X Nital

Field Area 1 (10 hrs 1450°F+ Furnace Cool)
100X Nital

Base Metal
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microstructure is not known. The apparent lower carbon and
carbide level suggest that its mechanical properties would be
substandard compared to the interior of the pipe.

Figures 53 - 58 are typical of the microstructure in
Field Area 1. While some carbides are visible, the amount is
small compared to those seen in Samples A5 and B5 (Figures 33,
1-5, 1-6, and 1-25). Field Area 2a was much like Field Area
1 in appearance (Figures 59 - 62), although there is more
evidence of carbides in Figure 62. Field Area 2c (the weld)
is seen in Figures 63 & 64. These micrographs demonstrate
that the technique used clearly delineates both the basic
microstructure and the presence of carbides (rounded in this
case).

Field Area 3a exhibits microstructures comparable to the
nominally equivalent laboratory samples A3 & B3 in Figures 31
and 1-23. It should be noted that the field replicas in
Figures 65 - 68 are of a structure with an additional exposure
of about 27,000 hours at 1005°F. - With this in mind, the
appearance of the carbides and the degree of degradation of
the pearlite is quite reasonable.

Field Area 3b contains both base metal and a weld, with
the intermediate weld heat affected zone. The base metal is
shown in Figures 69 & 70. The appearance is similar to that
of Field Area 3a. The base metal-WHAZ interface is seen in
Figures 71 & 72, while the weld-WHAZ region is found in Figure
73. A rather fine textured area of the weld (Figures 74 & 75)
is contrasted to a coarser area (Figures 76 & 77). Weld
microstructure in a given area depends on a number of factors.
These include the initial field welding parameters, the
nearness of a subsequent weld bead, the stress relief heat
treatment employed during construction, the hot bending heat
treatment experienced later, and the accumulated service
thermal exposure. Predicting the cumulative effects of



Figure 54
Field Area 1 (10 hrs 1450°F+ Furnace Cool)
400X Nital

Figure 55
Field Area 1 (10 hrs 1450°F+ Furnace Cool)
100X Nital

Base Metal

Base Metal
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Figure 56
Field Area 1 (10 hrs 1450°F+ Furnace Cool)
400X Nital

Base Metal

Figure 57
Field Area 1 (10 hrs 1450°F+ Furnace Cool)
100X Nital

Base Metal
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Figure 58
Field Area 1 (10 hrs 1450°F+ Furnace Cool) Base Metal
400X Nital

Figure 59
Field Area 1 (10 hrs 1450°F+ Furnace Cool) Base Metal
100X Nital
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Figure 60
Field Area 2a (5 hrs 1450°F+ Furnace Cool) Base Metal
400X Nital

Figure 61
Field Area 2a (5 hrs 1450°F+ Furnace Cool) Base Metal
100X Nital



Figure 62
Field Area 2a (5 hrs 1450°F+ Furnace Cool) Base Metal
400X Nital

Figure 63
Field Area 2c (5 hrs 1450°F+ Furnace Cool) Weld Metal
100X Nital
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Figure 66
Field Area 3a (5 hrs 1450°F+ Furnace Cool) Base Metal
400X Nital

Figure 67
Field Area 3a (5 hrs 1450°F+ Furnace Cool) Base Metal
100X Nital
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Figure 68
Field Area 3a (5 hrs 1450°F+ Furnace Cool) Base Metal
400X Nital

Figure 69
Field Area 3b (5 hrs 1450°F+ Furnace Cool) Base Metal
100X Nital
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Figure 70
Field Area 3b (5 hrs 1450°F+ Furnace Cool) Base Metal
400X Nital

Figure 71
Field Area 3b (5 hrs 1450°F+ Furnace Cool) Base-WHAZ
100X Nital
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Figure 72
Field Area 3b (5 hrs 1450°F+ Furnace Cool) Base-WHAZ
400X Nital

Figure 73
Field Area 3b (5 hrs 1450°F+ Furnace Cool) Weld-WHAZ
100X Nital
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Figure 74
Field Area 3b (5 hrs 1450°F+ Furnace Cool) Weld
100X Nital

Figure 75
Field Area 3b (5 hrs 1450°F+ Furnace Cool) Weld
400X Nital



Figure 76
Field Area 3b (5 hrs 1450°F+ Furnace Cool) Weld
100X Nital

Figure 77
Field Area 3b (5 hrs 1450°F+ Furnace Cool) Weld
400X Nital



106

these factors analytically seems quite difficult.
Fortunately, everything but the additional 27,000 hours of
service exposure has been encompassed by the stress-rupture
testing.

The replicas from Field Area 3c (Figures 78 - 81) show an
area with somewhat fewer carbides or pearlite remnants than
the equivalent areas 3a & 3b. The appearance is similar to
the replicas from Field Areas 1 and 2. In addition, several
regions of grain growth were found (Figure 82). These regions
appear to correspond to what were originally bands of cold
deformation caused by a surface finishing process that leaves
grooves of constant width but of varying depth. Subsequent
recrystallization has also resulted in grain growth.
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Figure 78
Field Area 3c (5 hrs 1450°F+ Furnace Cool) Base Metal
100X Nital

Figure 79
Field Area 3c (5 hrs 1450°F+ Furnace Cool) Base Metal
400X Nital



Figure 80
Field Area 3c (5 hrs 1450°F+ Furnace Cool) Base Metal
100X Nital

Figure 81
Field Area 3c (5 hrs 1450°F+ Furnace Cool) Base Metal
400X Nital
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Figure 82
Field Area 3c (5 hrs 1450°F+ Furnace Cool) Grain Growth
100X Nital



5.0 DISCUSSION
5.1 General Considerations

Prior to discussing the results of these investigations
in comparison to each other and the industry database some
consideration must be given to the validity of the conceptual
framework constructed earlier. While the theories and
correlations are thought to be valid, none of them are
fundamental in nature, since they are based primarily on
empirical observations.

5.1.1 Extrapolative Methods
For instance, while the much used Larson Miller parameter

is derived from one model of the creep process, this model is
not necessarily valid for any real material over any
significant range of temperatures and stresses. In this
respect it is no different from many proposed models that have
been based on the behavior of relatively pure metals and
simple alloys.

The primary virtue of the Larson Miller parameter is that
it works for a number of materials over some range of
variables. It has been found to be reasonably accurate for
2 1/4Cr-1Mo steel, and is the basis of the predictive approach
outlined in Ref 56 by Viswanathan et al. The oxidation
corrected database for this material, shown earlier in Figure
8, can actually be analyzed to predict LMP at rupture based on
the preservice tensile strength.

It has been shown, however, that 100,000 hour rupture
properties for carbon steel based on such projections only

become reasonably accurate when test times approach 30,000

10
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hours®®. Because 2 1/4Cr-1Mo is a much more stable material,
time to rupture may not show the downward trend seen for
carbon steel data over a similar time period. That this
stability will continue for the millions of hours of 1life
predicted for field material here is questionable.

The use of increased temperature as an accelerant in
stress-rupture testing is inherently acceptable in the Larson
Miller parameter. Using the database charted in Figure 5,
there is no reason to suspect that stress could not be equally
well accounted for, although the correlation is not inherent
in the Larson Miller parameter itself. However, Hart has
shown that life prediction via the life fraction rule (Et/t;=1
at failure) is only accurate for data collected via
temperature acceleration, and that stress acceleration leads

to grossly conservative results®”,

5.1.2 Fracture Mode Disparity
Another issue in regard to the accelerated testing of

2 1/4Cr-1Mo material is the disparity in fracture mode between
the test material and the field material. It was pointed out
in Section 2.2 that intergranular failure was not observed to
occur below 1X10’ seconds, while the test times in this
investigation do not exceed 2X10° seconds. The effect of this
on the validity of the long term projections is not known.
Intergranular cavity nucleation and formation occurs at a high
rate in this alloy, and may still strongly influence the
stress-rupture behavior even where the failure mode is
primarily transgranular.

5.1.3 Microstructural Complexity
The microstructural complexity of the 2 1/4Cr-1Mo steel

may make short term test results suspect for comparative
evaluations. The work reported in Ref. 56 suggests that this
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may not be a real problem where service or thermal exposure is
around normal service temperatures. The analysis discussed
there leads to a predictably decreasing strength (and
presumably hardness) as exposure time increases. At a
minimum, the strength at a known time and temperature history
may be related back to the original strength and the original
rupture life calculated.

Thermal exposure outside of the regime anticipated in the
above model may render the model nonconservative. In the case
of exposures above the lower critical temperature, Ac,, the
material may be hardened or softened depending on the cooling
rate. Since the model is based on a normally heat treated
virgin material, it may be very inaccurate in either
direction.

Also, strengthening effects have been observed in service
exposed material that was tempered briefly at a temperature
above the service temperature but well below Ac,®®. This is
thought to be due to the release of carbon and molybdenum from
nonstrengthening precipitates. Once returned to the matrix
the carbon and molybdenum can participate in interactive solid
solution hardening. It is not known if this effect leads to
a rejuvenation of stress-rupture properties as well. It seems
apparent that the model will not be able to deal with this

type of behavior.

5.1.4 Ambiquities in the Model
The analysis model presented in Ref. 56 appears to have

some ambiguities associated with it. The model is based on
the oxidation corrected data base and the derived LMP life
equation formula (LMP=40975 + 57(UTS) - 5225log0 -
2450(1ogo)?) seen in Figure 8. In addition, the LMP .
shown in Figure 10 may be used to predict an aged tensile

factor

strength knowing the original tensile strength and the
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exposure details, or it may be used to calculate an original
tensile stréngth given the aged tensile strength and the
exposure details. This seems reasonable.

However, it is also stated that the LMP life equation
uses a real time tensile strength to predict remaining life.
This implies that it is the current tensile strength that is
used in the calculation and not the original tensile strength.
Figure 83 shows that the ultimate tensile strength of the
material is predicted to drop relatively rapidly in the early
hours of exposure (for illustrative purposes a temperature of
1000°F has been chosen).

In order to update the remaining rupture life one would
use this presumably reality based prediction of the tensile
strength as a function of exposure as input to the IMP life
equation (IMP=40975 + 57 (UTS) - 5225logo - 2450(logo)?) with
a chosen stress (10 ksi for example). If this is done, the
predicted time to rupture varies as shown by the lower curve
in Figure 84.

The real time update method is not realistic. It
predicts that a material under constant and reasonable service
conditions will show a precipitate drop in rupture life within
the first few thousand hours of service. It further implies
that a material can exist for many hundreds of thousands of
hours with a predicted time to rupture at any time of only
about one hundred thousand hours.

Therefore, in the remainder of this paper, the time to
rupture predicted by this model will be calculated using the
known exposure regimes and the IMP‘%) equation to predict an
original UTS from a current UTS. For the hypothetical
conditions used earlier, this method leads to the behavior
shown by the upper curve in Figure 84. This upper curve is
based on a simple subtraction of elapsed time from the
originally predicted time to rupture.
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Tensile strengths were determined for all sémples by
conversion of Equotip hardnesses. The conversion involves the
use of empirical formulas that embody both the relationship
between the Equotip hardness and Brinell hardness, and between
Brinell hardness and tensile strength. The formulas used
were:

1. HB = 0.65 LD - 120.4

2. UTS = 0.2969 LD - 49.8

Where comparisons were possible, the predictions were found to
be acceptably accurate.

5.2 Use of the Model

In order to compare the stress-rupture behavior of a
given sample or group of samples with the model, two graphs
have been constructed using the methodology of Ref. 56 at the
service conditions of 6 ksi and 1005°°F. These graphs relate
the Larson Miller parameter and the time to rupture at 1005°F
to the projected original hardness, and are shown in Figure
85. The performance of the tested material will be compared
by entering the experimental data on the graphs. Obedience to
the model will be indicated by the degree of nearness to the
particular curve.

The projected original hardness was calculated by the
following method.

1. Present Equotip hardness was converted to present UTS

(UTS,) .
2. LIMp,, was calculated using the relationship
IMP__ = T °R(10 + log t)103. This was done for each

age
thermal exposure by converting all time-temperature

regimes to an equivalent exposure at 1005°F, and summing
the hours.
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3. K, was calculated using the formula Kyge = 3.033-
-4 -9 2
1.404X10 LMP“e-+ 1.679X10 (LMPwe)
4. UTsS, was calculated by dividing UTS, by K.
5. UTS, was converted to projected original Equotip

hardness.

5.3 Effects of Hot Bending Heat Treatment on Base Material

5.3.1 Base Metal Heat Treatment

The base metal samples tested in the transverse direction
were designated Al, A2, A3, A4, or A5 depending on whether
they were 1in the as-received condition or had received
subsequent heat treatment. Al samples were as removed from
service after 13,000 hours of exposure at 6 ksi and 1005°F.
A3 samples had received an additional 5 hour exposure at
1460°F followed by a slow cool, while the AS samples had
received an additional 10 hour exposure followed by a slow
cool.

The A4 series was intended to represent nearby metal that
was below the Ac, temperature, but had experienced comparable
time/temperature exposure both in terms of real time and
thermal aging time. According to the LMP .cey equation, the A4-
8, A4-13.7, and A4-28.2 exposures were equivalent to 1.6, 5,
and 10 hours at 1450°F.

The A2 series was intended to investigate the effects of
long term exposure beyond the Ac, temperature. The exposure

times were chosen arbitrarily.

5.3.2 Al Material Behavior

The Al material is effectively the baseline for this
project. The LMP e
only the 13,000 hours at 1005°F. If one plots the average
Larson Miller parameter from the stress-rupture tests, and the

parameter for this material considered
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predicted time to rupture derived from that LMP, on the model
curves, the match is extremely good. This point is shown in
Figure 86.

The extrapolation using the model suggests that the
original true tensile strength of Al material was 76 ksi.
This value will be compared to the projected values for the
other samples derived from the A blocks.

The Al material appears to have a microstructure that is
completely compatible with Baker & Nutting and others. 1In
Figures 29 & 30 the pearlitic carbide structure (probably M,C,
rather than Fe,C) is still relatively sharp. The ferrite
contains a profusion of elongated precipitates (probably
Mo,C), while the grain boundaries are partially decorated with
small equiaxed precipitates.

5.3.3 A3 Material Behavior

The A3 samples exhibited a slightly lower actual hardness
than the Al material, and had poorer stress-rupture
properties. The predicted rupture life at 1005°F was only 49%
of the Al material.

They were comparable to the A5 material in terms of room
temperature strength and hardness. The stress-rupture
properties were substantially lower, even though the AS
material had a more extended thermal exposure. The predicted
rupture life at 1005°F of the A3 material was about 74% of the
A5 material.

The positions of both A3 and A5 relative to the model
curve are seen in Figure 87. Both materials exhibit a stress-
rupture capability somewhat compatible with their predicted
original hardness, assuming a simple tempering exposure. The
correlation is not as good as for the Al material, and is on
the nonconservative side.

The microstructure of A3 in Figures 31 & 32 is strikingly
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different from that of the Al material. The pearlitic
carbides have coarsened considerably, and the elongated
intragranular precipitates of Mo,C have disappeared and been
replaced by more rounded ones. In addition, heavy blocky
precipitates have formed at the grain boundaries.

Since the really effective high temperature strengthening
in 2 1/4Cr-1Mo is derived from either the Mo-C interaction
solid solution hardening or the elongated Mo,C precipitates,
the lower properties seen here are not surprising.

5.3.4 A5 Material Behavior
The A5 samples had a slightly lower hardness than the Al

material, with lower stress-rupture properties. The predicted
rupture life at 1005°F was about 66% of the Al material. As
in the case of the A3 material, the predicted original
hardness is slightly higher than the model would anticipate
for the actual stress-rupture properties.

The microstructure of A5 is seen in Figures 33 & 34. It
differs noticeably from that of Al or A3. The pearlitic
structure is substantially degraded, and there appear to be
scattered platelets/islands of tempered bainite. Grain
boundary precipitation is similar to that seen for A3.

Intragranular precipitation is finer than for A3, and
there appears to be an ordered pattern present in many grains.
This latter possibility is intriguing, but is not further
resolvable with the optical microscope. It may be that this
ordered precipitate, and/or the presence of tempered bainite
has raised the short term stress-rupture properties relative
to A3.

5.3.5 A4 Material Behavior
A4 samples were heat treated at 1375°F for 8, 13.7, and
28.2 hours followed by an air cool. They were intended to
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represent piping material adjacent to that exposed above the
Ac, temperature. The ageing model predicts the following
properties after tempering this as-removed base metal.

Hardness uTs Mp rupture time
A4-8 Id 381 63.2 ks 39.03 4.37x10°
A4-13.7 Id 378 62.4 ksi 38.98 4.07x10%
A4-28.2 Id 372 60.8 ksi 38.89 3.52x10°

Reference to Table V and Figures 21 & 23 shows the above
values to be too low. Hardnesses, Larson Miller parameters,
and estimated times to rupture at 1005°F for the actual
samples exceed the model predictions.

Figure 88 shows how the A4 series samples compare to the
model predictions based on their measured hardness, and to
those simulating the 1460°F heat treatment. They do not
achieve the stress-rupture properties the model predicts for
their estimated original hardness, but they do exceed that
predicted by the aging model for their thermal exposure.

The microstructure of these samples is seen in Figure 35,
and Figures 1-7 through 1-12. The general picture relative to
sample Al is one of more degraded pearlite and more grain
boundary precipitation. There 1is no evidence of any
transformation to austenite, which would be manifested in the
formation of fresh bainite upon air cooling. This suggests
that Ac, for this steel in the Al type condition is above
1375°F.

The increased hardness and improved stress-rupture
properties may be due to the phenomena noted by Wada and Biss,
which was discussed in 5.1.3. This unexpected improvement
after a tempering treatment is clearly not reflected in the

model.
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5.3.6 A2 Material Behavior

The A2 samples were intended to evaluate the effects of
various exposures above the Ac;, temperature on the
microstructure of the material. Samples were exposed at
1450°F for 2, 25, 50, & 100 hours followed by air cooling.
The 100 hour sample microstructure in Figure 36 consists of
nearly completely degraded pearlite, bainite, and grain
boundary precipitates. There is almost no intragranular
precipitation visible.

The process of microstructural change as a function of
time may be seen in a series of figures found in Appendix 1.
At 2 hours (Figures 1-13 & 1-14), the structure consists of
pearlite, a modest amount of bainite, and intragranular
precipitates. After 25 hours (Figures 1-15 & 1-16), the
pearlite has degraded somewhat, the intragranular precipitates
have coarsened, and the amount of bainite has increased. For
some reason the bainite etched much more strongly in the 2 and
100 hour samples than it did in the 25 and 50 hour samples.

The 50 hour samples (Figures 1-17 & 1-18) and 100 hour
samples (Figures 1-19 & 1-18) carry on the above trends. The
amount of bainite appears to have saturated at 50 hours,
although the pearlite degradation and disappearance of the
intragranular precipitates appear to advance over this time
period. Whatever the changes, they have no meaningful effect
on the measured material hardness (Table V).

Table IV and Figure 89 show that the changes between the
25 and 100 hour exposures have no effect on the stress-rupture
properties as measured by the Larson Miller parameter and the
extrapolated rupture time at 1005°F. What is affected is the
stress-rupture behavior as a function of original hardness as
back calculated using the thermal aging model. Since the
material has clearly been partially austenitized, the failure
of a model that envisages a gradual degradation in properties
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due to tempering is not surprising.

As a matter of interest, the volume fraction of prior
austenite was estimated by using the Leco Analyzer to evaluate
a polished and etched sample of the A2-100 material. The
average of multiple runs was 25.3 volume percent. This value
was used, along with a calculated value for Acg, to estimate
the Ac, temperature for the Al material. The Ac; value was
calculated using the following formula from Ref. 66 and the
chemistry data from Table II.

910 - 203¢C + 44.75i + 31.5Mo - 11Cr + 700P - 30Mn

Ac,

Ac; = 910 - 20300.1 + 44.7(0.41) + 31.5(1.03) - 11(2.14) +
700(0.011) - 30(0.55)

Ac; = 1588°F

Assuming that the a-ferrite single phase region is small,
and that the Ac; line is straight, the fraction of austenite,
fY, is given by:

fy =1 - [(Ac; = T)/(Acz - Acy)]

£,

1 - [(1588°F - 1450°F)/(1588°F - Ac,)] = 0.253
Ac, = 1403°F (762°C)

This value is within the range (750°C to 780°C) reported by
Wada and E1dis®®.

Since the value of Ac, for a specific heat of 2 1/4Cr-1Mo
steel depends both on the chemistry and the prior heat
treatment, the effects of temperature exposures above about
1400°F are somewhat unpredictable.
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5.4 Variation in Matrix Alloy Content

The variation in matrix or solid solution alloy content
was presented in Table VI. Because of the amount of sample
taken there was some uncertainty in the weight of material
dissolved. This required that the data be normalized. This
diminishes the level of confidence, but some observations may
still be made.

There appear to be only three distinctive conditions
here. Al and A2-100 differ from each other and the other
three conditions, A3, A5, and A4-28.2. These latter
conditions are effectively the same in terms of matrix alloy
content. Some data from Ref. 78 indicates that the Al
material has a normal proportion of Cr and Mo in the carbide
phase for material exposed at lower temperatures (maximum
exposure for the Ref. 78 material was 1200°F).

Ratio of Cr, Mo, in Carbides to Total Contents

Sample Cr Mo LMPage

Al 0.23 0.57 20.68
Ref. 78 (NT) 0.2 0.63 20.29
Ref. 78 (A) 0.2 0.63 21.32

NT stands for normalized and tempered, while A stands for
annealed.

The matrix Mn contents seem to be unaffected by heat
treatment and are effectively the same as the total. This
must be due to the preferential incorporation of the other
alloying elements in the precipitates, since there are
equivalent isomorphous manganese carbides to M;C, M,C;, and
M.C,. This was also observed in Ref. 78.

The chromium and molybdenum contents of the Al material
matrix are the lowest of all samples. It is apparent from
these data and the metallography that there is a very high
degree of precipitation present. According to Baker &
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Nutting, the anticipated precipitates at this juncture are
Fe,C, Mo,C, and Cr,C;®”. Many of the latter two precipitates
would be expected to be unresolved by the optical microscope.

The A2-100 material appears to have released a great deal
of the chromium and molybdenum back to the matrix. On this
basis, one would expect more effective interactive solid
solution hardening. However, the stress-rupture properties of
this sample are the worst of all those tested. This outcome
can be rationalized as follows. The prolonged austenization
treatment has led to the dissolution of most precipitates
(except possibly the very stable but non-strengthening MC),
and the segregation of much of the carbon into the 25%
austenite that was formed. Upon air cooling, the austenitic
regions have transformed to bainite, tying up the carbon that
would otherwise be in the matrix.

5.5 Effects of Hot Bending Heat Treatment on Welded Material

5.5.1 Welded Material Heat Treatment
The weld containing samples tested in the axial direction

were designated Bl1l, B3, B5, and B6 depending on whether they
were in the as-received condition or had received subsequent
heat treatment. Bl, B3, & B5 received the same heat
treatments as their A series counterparts. B6 samples were
made prior to the realization that the Ac, temperature was
being significantly exceeded by exposure at 1450°F. These
samples consisted of B5 material prestrained 2% at 1450°F,
followed by air cooling. This produced specimens which have
equivalent stress-rupture properties to the Bl material, but
which have no obvious applicability to the hot bent field
material, which was slowly cooled after hot bending.
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5.5.2 Nature of Weld Region
The base metal of the original A and B materials is

identical for all practical purposes. While the B samples do
have two different base metals, the weaker of these will
determine the mechanical behavior in axial tests. The weaker
B material here has almost exactly the same hardness as the A
material. Metallographic examination found no apparent
differences in any of the base metals after identical heat
treatments.

As mentioned earlier, the weakest region in a welded
joint is the coarse grained bainitic heat affected zone. This
was the observed failure location in the weld containing
samples tested here. If the base metal properties of
geometrically identical weld containing and non-weld
containing samples are the same, differences in mechanical
behavior can logically be ascribed to the properties of this
weld heat affected zone.

The diminished properties of the coarse grained heat
affected zone in a circumferential butt weld will have no
effect on the stress-rupture properties of a pressurized pipe
in service that is free of additional non-pressure stresses.
This zone is not oriented to respond to the hoop stress, which
is twice the nominal axial stress. It is oriented to respond
to the axial stress, but the stress reduction far outweighs
the reduced metal properties, and the pipe will ultimately
fail due to the hoop stress in the base metal.

It should be noted that this assessment is not wvalid
where non-pressure stresses are important. These may occur at
header welds, and where pipe hangars are not properly
adjusted. The former locations are especially troublesome.

5.5.3 Effect of Heat Affected Zone Dimensions
Under many circumstances, it is not expected that the
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diminished properties of the coarse grained heat affected zone
will be fully reflected in the axial properties of the
material. This portion of the heat affected zone is about
0.04" wide at most, and is more typically 0.02" wide.

Since the material is fully contiguous with the adjacent
(and stronger) weld and base metals, it is very likely that a
reinforcement effect will occur. Such an effect in ductile
materials is well documented, and is important over much
greater dimensions than that of a weld heat affected zone'”’.
This reinforcement effect should be more important for short
term tests where specimen plasticity is high. As test times
increase and plasticity tends toward lower values 1load
transfer should decrease and the effect of adjacent material

should diminish.

5.5.4 Measured Effect of Weld Heat Affected Zone
The effect of this weld heat affected zone is seen in

Figure 90, where the diminished properties of the B samples
relative to the A samples are shown in terms of rupture times
during the stress-rupture tests. The Larson Miller parameter
variations and the calculated times to rupture at 1005°F were
shown in Figures 20 and 22.

The comparative effects on the 1005°F rupture times for
the three different heat treatments are: t;/t,, = 0.61, t,/t,;
= 0.70, and tg,/t,, = 0.58. When the scatter in the Larson
Miller parameters from which these rupture times were
calculated is considered, one could argue that these ratios
may actually be the same.

This variation between welded and non-welded material is
comparable to that for the various heat treatments in these
two series. These data were presented earlier, the time to
rupture ratios being: t,/t,, = 0.49, t,/t,, = 0.66, t,/t;, =
0.56, and t,/t;,, = .62.
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In fact, if one examines the entire spectrum of rupture
times determined during this project, from the relatively
short term stress-rupture tests to those projected for 1005°F,
the greatest variation is a factor of four. Considering the
wide range of heat treatments used this is somewhat less than
one might expect. As noted earlier, a comparable thermal
exposure of 1Cr-0.5Mo led to a tenfold decrease in time to
rupture®?,

5.6 Effect of Test Time on the Larson Miller Parameter

If there is a tendency for the Larson Miller parameter to
overpredict rupture times it might be visible in a plot of LMP
vs time to rupture. As time to rupture increases, the LMP
should decrease below the average to that point. This
tendency might be exacerbated in the case of the welded
samples by a loss of reinforcement effect with increasing time
as well.

Figure 91 shows that a decrease in the IMP with
increasing time to rupture does not really occur for the Al,
A3, and A5 materials. Nor does it occur for the A2 and A4
sample sets. However, the test times are relatively short.
Also, the LMP for the Al series has been shown to match the
model from Ref. 56. This implies that the LMP determined from
the present test series is consistent with that derived from
the longer term tests embedded in the model.

In the case of the weld containing Bl sample, Figure 91
shows that the Larson Miller parameter diminishes with
increasing test time. Such an occurrence is also possible in
the case of B5, but more data points would be needed to be
certain. This behavior is not indicated in the case of B3,
where the LMP variation has no trend, and is most likely due

to scatter.
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The projected rupture times at 1005°F of the Bl and B5
materials relative to their unwelded A counterparts are
essentially equivalent. The B3 material is somewhat better
(rupture time ratio of 0.7 vs 0.61 and 0.58), but is
absolutely the worst, as is the A3 material in its series.

These results are consistent with the hypothesis that
there is a reinforcement effect of the surrounding metal on
the coarse grained heat affected zone in the Bl and B5
materials. This effect diminishes with increasing test time
because 1local plasticity and load transfer diminish. The
absence of this effect in the case of the B3 material can be
ascribed to the greater level of damage inflicted on the base
metal as compared to the weld metal. In this picture, the
weld heat affected zone becomes less of a liability, and the
performances of the welded and unwelded samples are closer.

5.7 Correlations with Field Material

The anomalous surface condition sometimes exhibited by
this piping was presented in 5.6 above. Based on the field
replicas, this condition appears to have occurred in Field
Areas 1 & 2, and Field Area 3C (3 left of weld). The
partially decarburized structure has a lower than expected
hardness for the recorded thermal exposure. Field Areas 3A &
3B (3 right of weld) have a more normal structure and a
slightly higher hardness. Field Area 4 is equivalent to Field
Area 3 in terms of location and heat treatment, but has a
higher (and more expected) hardness on both sides of the weld.

Field Areas 5 and 6 to the right of the weld are the
other end of the pipe section in 3 and 4 left. The hardness
here is uniformly higher, and is equivalent to that found for
the A3 and A5 samples. The weld hardnesses are the same as
for the B3 and B5 plates. This suggests that the heat
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treatment did extend through this weld, since the Bl weld
hardness was much higher.

What are the possible effects of this anomalous surface
condition? It depends on the evaluation method(s) used. 1In
the present case the results of the stress-rupture testing of
identically exposed samples adequately quantifies the stress-
rupture life of the piping. The field hardness measurements
and replication are confirmatory only, and served to point out
that in some cases a previously observed anomalous surface
condition was present here also.

It would be possible to conduct a Ref. 56 evaluation on
the basis of hardness (converted to tensile strength) alone.
For a previously uncharacterized 2 1/4Cr-1Mo pipe material
with a known service thermal history below Ac,, an erroneous
reduction in measured hardness due to surface decarburization
would lead to a low estimate of both the original pipe
strength and the original time to rupture. This could lead to
early retirement of the pipe, but would be conservative from
a safety standpoint.

Material that had seen thermal exposures above Ac,
followed by an air cool (similar to sample series A2 and A4)
could have a higher than expected hardness that would
extrapolate back to a higher original strength. This would be
translated into an erroneously long rupture life. In the case
of material with a history similar to the longer term A2
samples the effect could be substantial.

Both of these errors can be recognized by replication of
the area chosen for hardness testing. Material whose surface
condition or thermal exposure deviates substantially from that
of normally service aged 2 1/4Cr-1Mo is recognizable. Even if
the effects of the unusual conditions cannot necessarily be
quantitatively assessed, at least the inapplicability of the

Ref. 56 evaluation would be clear.
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Caution should be used in assessing cavity formation in
long service material if the rest of the microstructure is
unusual. The effect of a decarburized surface on cavity
formation is especially unclear. If cavities tend to nucleate
on grain boundary carbides the cavity formation rate in a
decarburized volume might be greatly reduced. The normal
cavity formation rate for 2 1/4Cr-1Mo is very high relative to
iron®®, and probably, to a lesser extent, somewhat higher
than carbon steel.

The actual cavity population for a carbon steel near a
long term stress-rupture failure was shown in Figures 13 & 14.
The same number fraction for 2 1/4Cr-1Mo material would
indicate that many years of service remained (Figure 11).
However, a much higher population of cavities could be lying
just below the decarburized layer in the normal base metal.

It 1is, therefore, recommended that Ref. 56 1life
predictions using hardness as a tensile strength surrogate be
accompanied by replication metallography to assess the
applicability of the model. That is, the microstructure
should be roughly typical of that expected for a 2 1/4Cr-1Mo
at that stage of life. Substantial deviations should prompt
additional evaluation by other means, such as stress-rupture
testing of miniature samples.

It should be appreciated that 2 1/4Cr-1Mo is a relatively
forgiving material, and has been shown to maintain acceptable
stress-rupture properties over a reasonable spectrum of heat
treatments. Deviation from the Ref. 56 model only become
serious for the A2 series exposures, because of the higher
hardnesses produced by these heat treatments. For the Al
material removed from service at 13,000 hours, the model

prediction is accurate.
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5.8 Directions for Future Research

The model adapted from Ref. 56 does not make accurate
predictions for material that has been partially austenitized,
or for material that has been subjected to a higher
temperature exposure after extended exposure at normal service
temperatures. The partitioning of the elements between the
matrix and the various carbide phases appears to have
something to do with this. 1In the former case, it causes
substantial variations in the Ac, temperature, leading to
unexpected transformations. 1In the latter case, the release
of carbon and molybdenum back to the matrix probably leads to
an increased hardness that is not reflected in proportionally
improved stress~rupture properties.

Can the model be altered to accommodate and reflect this
behavior? Perhaps, but the model is empirical and apparently
accurate when used under the conditions appropriate to its
derivation. The addition of equally empirical ad hoc
adjustments which complicate the model does not seem worth the
effort. Any deviation from the newly defined precursor
conditions would again lead to inaccurate predictions.

The model is better used as an indicator of when the
thermal exposure seen produces only a simple tempering effect.
If a thermal exposure is applied to a 2 1/4Cr-1Mo steel, and
the tensile strength change and stress-rupture life change are
in conformance with the model, then the predictability of
similar exposures for similar material is confirmed.

The primary problem here is that heat treating this
material outside of its normal exposure regime is an
uncontrolled process, especially if it has been in normal high
temperature service for even a relatively short period of
time. Many of the thermal exposures, including one of the
ones used in the field, degraded the material properties more
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than a normal weldment. Yet the weld had to be done in
accordance with a properly qualified procedure by a qualified
welder. The essential variables were defined for the process,
and the results of the procedure were subject to a variety of
tests.

A thermal exposure that does not clearly result in the
behavior predicted by the model should be qualified before use
in the field. The process should be controlled so that
qualification in a shop setting will confidently predict the
results in the field. Field hardness testing and replication
should be used to define the pre and post conditions of the
field material for comparison to shop test results. These
techniques are adequately developed as they stand, if
allowance is made for possibly anomalous surface
microstructure.

What are the essential variables for a thermal exposure
of this nature? Temperature, time, heating rate, cooling
rate, degree of strain, and extent of prior service exposure
are all probably important. What variations are allowable
before a process must be re-examined? These are the issues
that I believe should be the subject of future work.

This investigation could be made using the same basic
techniques and tests used in this thesis. It would be a
forward looking project without need to specifically test
conditions used in a prior field operation. Emphasis could be
placed on identifying the essential variables and their
sensitivity. Material with no service, short service, and
long service should be included in the program if available.
Otherwise, material that was thermally aged in the laboratory
could be used to check for trends.




6.0 SUMMARY AND CONCLUSIONS

6.1 Two 1450°F heat treatments duplicating field heat
treatments used during hot bending of service exposed 2 1/4Cr-
1Mo piping, were shown to degrade the stress-rupture
properties of the piping. Estimated time to rupture at
1005°F was reduced to half that of the original material in

the worst case.

6.2 The intent of selecting 1450°F as the hot bending
temperature was apparently to allow a 30°F margin between the
bending thermal exposure and the ASME B31l.1 Power Piping Code
published Ac, temperature of 1480°F. This value is wrong.
Reliable literature sources and this project indicate that the
Ac, temperature is between 750 and 780°C (1382 - 1436°F)
depending on material chemistry and prior heat treatment.

6.3 The presence of a weld heat affect zone degrades the
stress-rupture performance (expressed as estimated rupture
time at 1005°F) of 2 1/4Cr-1Mo piping by a factor of 0.6 to
0.7. The actual properties of the weld heat affected zone are
probably much worse than this, but the reinforcement effect of
adjacent base metal masks this in these relatively short time
tests. The presence of the heat affected zone would be
expected to be more deleterious in longer tests or in service
where the plasticity of the material and resultant 1load

transfer decreases.

6.4 Extended thermal exposures above the Ac, temperature
(1450°F) degrade the stress-rupture properties of 2 1/4Cr-1Mo
material. Exposure followed by air cooling appeared to
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saturate after about 25 hours. At this point the performance
relative to the as-removed material was reduced to about 0.3
in terms of predicted rupture time at 1005°F.

6.5 Extended exposure just below the Ac, temperature (1375°F)
also degraded the stress-rupture properties, but to a lesser
extent. For an exposure parametrically equivalent to 10 hours
at 1450°F the predicted rupture time at 1005°F was reduced to
a factor of 0.42 relative to the original material.

6.6 Viswanathan, et al, recently proposed a life prediction
model for 2 1/4Cr-1Mo in Ref. 56. This model uses a thermal
aging formula to back calculate original tensile strength from
current tensile strength, which is estimated from hardness
measurements. The calculated original tensile strength is
then correlated with original life expectations. The model
was extremely accurate for the Al material, which had been
exposed at 1005°F for 13,000 hours. The accuracy decreased
for the other heat treatments, being especially poor for the
long term above Ac, exposures (A2 material).

6.7 The validity of determining life prediction parameters by
field characterization has possible pitfalls. These may be
avoided by performing a complete characterization consisting
of hardness measurements and microstructural replication. The
former is needed to develop the predictive data, and the
latter is needed to insure that the measured substrate has the
expected structure for the nominal thermal exposure.
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Figure 1-3
Sample A3 (As-removed + 5 hrs 1460°F + Furnace Cool)
100X Nital

Figure 1-4
Sample A3 (As-removed + 5 hrs 1460°F + Furnace Cool)
400X Nital
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Figure 1-5
Sample A5 (As-removed + 10 hrs 1460°F + Furnace Cool)
100X Nital
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Figure 1-6

Sample A5 (As-removed + 10 hrs 1460°F + Furnace Cool)
400X Nital
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Figure 1-7
Sample A4-8 (As-removed + 8 hrs 1375°F + Air Cool)
100X Nital

Figure 1-8
Sample A4-8 (As-removed + 8 hrs 1375°F + Air Cool)
400X Nital
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Figure 1-9
Sample A4-13.7 (As-removed + 13.7 hrs 1375°F + Air Cool)
100X Nital

Figure 1-10
Sample A4-13.7 (As-removed + 13.7 hrs 1375°F + Air Cool)
400X Nital
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y i ek 3
Figure 1-11

Sample A4-28.2 (As-removed + hrs 1375°F + Air Cool)
100X Nital
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Figure 1-12
Sample A4-28.2 (As-removed + 28.2 hrs 1375°F + Air Cool)
400X Nital
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Figure 1-13
Sample A2-2 (As-removed + 2 hrs 1450°F + Air Cool)
100X Nital

Figure 1-14
Sample A2-2 (As-removed + 2 hrs 1450°F + Air Cool)
400X Nital



Figure 1-15
Sample A2-25 (As-removed + 25 hrs 1450°F + Air Cool)
100X Nital

Figure 1-16
Sample A2-25 (As-removed + 25 hrs 1450°F + Air Cool)
400X Nital



Figure 1-17
Sample A2-50 (As-removed + hrs 1450°F + Air Cool)
100X Nital

Figure 1-18
Sample A2-50 (As-removed + hrs 1450°F + Air Cool)
400X Nital
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removed + 100 hrs 1450°F + Air Cool)

Figure 1

Sample A2-100 (As-

20

Nital

100X

Nital

i

Figure
Sample A2-100 (As-removed + 100 hrs 1450°F + Air Cool)

400X
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Figure 1-21

Sample Bl (As-removed) Base Metal
400X Nital

Figure 1-22
Sample Bl (As-removed) Weld HAZ
100X Nital
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Figure 1-23
Sample B3 (As-removed + 5 hrs 1460°F + Furnace Cool)
Base Metal 400X Nital

Figure 1-24
Sample B3 (As-removed + 5 hrs 1460°F + Furnace Cool)
Weld HAZ 400X Nital
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Figure 1-25
Sample B5 (As-removed + 10 hrs 1460°F + Furnace Cool)
Base Metal 400X Nital

Figure 1-26
Sample B5 (As-removed + 10 hrs 1460°F + Furnace Cool)
Weld HAZ 100X Nital
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Figure 1-27
Sample B5 (As-removed + 10 hrs 1460°F + Furnace Cool)
Weld HAZ 400X Nital



APPENDIX 2

POST TEST METALLOGRAPHY

Note: Tables III and IV are repeated on the next two pages
in order to provide additional context for the sample
designations.
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Al

A3

A5

Bl

B3

B5

B6
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Table IIT
Main Series Stress-Rupture Test Results
°F °R tact, hr. tcorr, hr. LMPcorr
(As-removed)

1350 1810 57.2 60.5 39.42
1350 1810 97.1 104.5 39.85
1306 1766 307.6 342.9 39.80
1330 1790 183.6 201.5 39.92
1287 1747 475.6 538.8 39.71
1275 1735 569.0 647.6 39.58

39.71 0.18
(As-removed + 5 hrs 1460°F + Furnace Cool)

1287 1747 306.1 338.1 39.36
1287 1747 235.7 257.2 39.15
1304 1764 145.8 156.9 39.10
1338 1798 67.6 71.6 39.30
1270 1730 534.1 603.6 39.41

39.26 0.13
(As-removed + 5 hrs 1460°F + Furnace Cool)

1270 1730 569.2 645.9 39.46
1330 1790 91.4 97.5 39.36
1287 1747 368.9 411.6 39.51
1306 1766 201.6 220.1 39.46

39.45 0.06
(As-removed)

1279 1739 326.0 360.0 39.23
1295 1755 255.5 280.7 39.40
1313 1773 177.1 192.7 39.51
1330 1790 135.3 146.5 39.68
1350 1810 43.2 45.3 39.20

39.40 0.20
(As-removed + 5 hrs 1460°F + Furnace Cool)

1252 1712 581.2 653.6 39.06
1252 1712 448.1 496.6 38.86
1316 1776 93.0 98.9 39.06
1287 1747 193.8 209.7 39.00
1264 1724 463.3 517.5 39.16

39.03 0.11
(As-removed + 5 hrs 1460°F + Furnace Cool)

1287 1747 270.6 297.1 39.26
1270 1730 371.0 410.7 39.12
1330 1790 48.8 51.2 38.86
1306 1766 139.1 149.6 39.16

39.10 0.17
(As-removed + 5 hrs 1460°F + Furnace Cool + Strained
1460°F+ Air Cool)

1287 1747 241.7 264.0 39.17
1306 1766 144.6 155.7 39.19
1325 1785 213.1 235.0 39.93
1260 1720 632.4 718.3 39.31

39.40 0.36



T°F T°R tact, hr. tcorr,
A2-2 (As-removed + 2 hrs 1450°F + Air Cool)
1330 1790 126.9 137.0
1290 1750 316.6 350.8
A2-25 (As-removed + 25 hrs 1450°F + Air Cool)
1330 1790 45.9 48.1
1290 1750 199.2 216.0
A2-50 (As-removed + 50 hrs 1450°F + Air Cool)
1330 1790 49.5 51.9
1290 1750 202.4 219.6
A2-100 (As-removed + 100 hrs 1450°F + Air Cool)
1330 1790 52.2 54.8
1290 1750 168.1 181.1
A4-8 (As-removed + 8 hrs 1375°F + Air Cool)
1330 1790 82.9 88.2
1290 1750 301.0 332.7
A4-13.7 (As-removed + 13.8 hrs 1375°F + Air Cool)
1330 1790 80.8 85.9
1290 1750 418.7 471.3
A4-28.2 (As-removed + 28.2 hrs 1375°F + Air Cool)
1330 1790 56.9 59.9
1290 1750 272.0 299.1

Table IV
A2 & A4 Stress-Rupture Test Results

hr.
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IMPcorr

39.
39.

39.54

38.
39.

38.96

38.
39.

38.98

38.
38.

38.93

39.
39.

39.34

39.
39.

39.47

38.
39.

39.16

62
45
0.12

82
09
0.19

87
10
0.16

91
95
0.03

28
41
0.09

26
68
0.30

98
33
0.25
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Figure 2-1
Sample Al-4 50X Nital
1287°F 539 hours

Figure 2-2
Sample Al-4 400X Nital
1287°F 539 hours
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Figure 2-3
Sample Al-4 400X Nital
1287°F 539 hours
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Sample A3-2 100X Nital
1270°F 604 hours



Figure 2-5
400X Nital
604 hours

Sample A3-2
1270°F
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Sample A3-2
1270°F
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Figure 2-6

400X Nital
604 hours
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Figure 2-7
Sample A5-4 50X Nital
1330°F 98 hours
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Figure 2-8
Sample A5-4 400X Nital
1330°%% 98 hours
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Sample A5-2
1270°F

Figure 2-9
Sample A5-2
1270°F

Figure 2-10

50X Nital
646 hours

400X Nital
646 hours
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Sample A2-25-2 50X Nital
1290°F 216 hours

Figure 2-12
Sample A2-25-2 400X Nital
1290°F 216 hours



Figure 2-13
Sample A2-100-2 50X Nital
1290°F 294 hours

Figure 2-14
Sample A2-100-2 400X Nital
1290°F 299 hours
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Figure 2-15
Sample A4-8-1 50X Nital
1375 F 88 hours

Figure 2-16
Sample A4-8-1 400X Nital
1375°¢ 88 hours
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Figure 2-17
Sample A4-13.7-1 50X Nital

1375°F 86 hours '

Figure 2-18
Sample A4-13.7-1 400X Nital
13375°T 86 hours
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Figure 2-21
Sample B1l-2 100X Nital
1279°F 360 hours

Figure 2-22
Sample Bl-2 400X Nital
1279°F 360 hours



Figure 2-23
Sample B3-5 100X Nital
1252°F 654 hours

Figure 2-24
Sample B3-5 400X Nital
1252%F 654 hours



Sample B5-2
1270°F

Sample B5-2
1270°F

Figure 2-25

Figure 2-26

100X Nital
411 hours

400X Nital
411 hours




Figure 2-27
Sample B5-2 400X Nital
1270°F 411 hours

Figure 2-28
Sample B6-4 100X Nital
1325°F 235 hours
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Figure 2-29
Sample B6-4 400X Nital
1325°F 235 hours

Figure 2-30
Sample B6-4 400X Nital
1325°F 235 hours
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