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ABSTRACT

Heat Treatment, Structure-Property, Stress Corrosion Cracking
and Acoustic Emission Studies on 300M Steel

Ramaswamy Padmanabhan, Ph.D.
Oregon Graduate Center, 1982

Supervising Professor: William E. Wood

Strength, ductility, impact toughness and plane strain fracture
toughness of quenched and tempered 300M steel were studied as functions
of grain size, martensite substructure, carbide type and dispersion,
amounts of retained austenite and segregation. These microstructural
variables were introduced by utilizing different austenitization temper-
atures and by thermal cycling between austenite and martensite phases.
The results of these structure-property relationships were applied to de-
sign modified heat treatment processes to improve all the properties
simultaneously. A critical carbide dispersion was achieved by control-
ling intermediate temper and reaustenitization steps. Grain size refine-
ment, reduction in twin density and segregation, increased amounts of re-
tained austenite and preferential formation of lath martensite, together
with critical carbide dispersion were established to be the major factors
in the improvement of properties.

Stress corrosion cracking behavior of 300M steel was also studied
and acoustic emission testing was employed to predict threshold stress
intensities and to monitor crack velocities. Threshold stress intensi-

ties were dependent chiefly upon the prior austenite grain size and
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amounts of retained austenite and segregation. The crack velocities were
influenced by interparticle spacing, as well as, the prior austenite
grain size. A model was proposed to explain the observed behavior in
terms of a critical segregation concentration criterion. An energy ap-
proach was utilized to explain the dependence of acoustic emission res-
ponses upon applied stress intensity, prior austenite grain size and

crack velocities.



1. INTRODUCTION

Ultrahigh strength low alloy steels are increasingly used in many
applications, where, hitherto, more expensive alloy steels have been
used. However, their usefulness in many instances is limited by their
modest toughness at high strength levels. Detailed research has been
carried out to improve the toughness of these steels, without compromis-
ing strength, through heat treating processes, which alter the basic
microstructure. This approach is attractive, since it eliminates the
need for expensive alloy additions. Among others, high temperature,
step and cyclic heat treatments have been exhaustively studied in recent
years for these steels with varying degrees of success. However, there
is still a great need to understand the underlying principles involved
in these heat treatments and the exact ways in which they affect the
microstructure. Besides the study of these relationships between heat
treatment processes and the resultant microstructure, the effects of the
different microstructural parameters upon the mechanical properties have
also to be thoroughly established. This investigation provides a basis
for developing new alloys and new heat treatments for obtaining optimum
mechanical properties.

High strength steels, which are highly susceptible to stress cor-
rosion cracking failure, are commonly exposed to aggressive or even mild
environments, which act as sources of hydrogen. Before a potential heat

treatment is accepted, its effect upon the stress corrosion cracking



characteristics should be understood. Although many heat treatments,

like the high temperature heat treatment, have been designed for specifi-
cally increasing the fracture toughness at high strength levels of ultra-
high strength low alloy steels, few investigators have attempted to eval-
uate the effect of these heat treatments on the stress corrosion cracking
behavior of the steel. 1In this investigation, these studies are attempted
for not only the standard heat treatments, but also for new heat treat-
ments, developed during the course of this work.

Many theories have been proposed to understand the phenomenon of
stress corrosion cracking in high strength steels. Although these
theories explain the mechanisms adequately on a macroscopic level, each
one of them has limitations, due mostly to inadequacies in following the
crack propagation on an atomistic level. The advent of acoustic emis-
sion in recent years has provided metallurgists with a new tool to moni-
tor defects within a material and has been utilized in this investigation

to study stress corrosion cracking in 300M steel.
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2. BACKGROUND

2.1. Heat Treatment, Microstructure and Mechanical Properties

Ultrahigh strength low alloy steels possess yield strength exceed-
ing 1350 MNm_z, making them extremely attractive for many applications
for which, more expensive alloy steels are conventionally used. However,
these low alloy steels offer only modest fracture toughness at such high
strengths and whenever a combination of high strength and toughness is
required, it is still not possible to replace high alloy steels with
these less expensive steels. Achieving a good combination of strength
and toughness in these steels is a constant challenge. Alloy modifica-
tions of base composition is one expensive way to realize this goal. A
second, more attractive way, would be through suitable heat treatment
processes which alter the basic microstructure in such a way as to offer
the best combination of strength and toughness for a given composition.
Several investigators have attempted such studies, wherein the conven-
tional heat treatment process was altered to produce the desired micro-
structure.

The conventional heat treatment involves austenitizing the low alloy
steel at about 850°C for usually 1 hour, to achieve maximum homogeneity
and subsequently quenching at a high enough rate to transform the aus-
tenite to martensite, followed by tempering at a suitable temperature.

By utilizing higher austenitization temperatures, many investigators

[1-22] were able to achieve substantial improvement in the plane strain



fracture toughness while maintaining yield and ultimate tensile strength
at essentially the same levels. However, these investigators observed a
dramatic decrease in tensile ductility. Most of them also observed a
drop in impact toughness [3,4,6,12,13,20-22], and this was attributed

to microstructural variations. These are discussed in Section 5. The
major structural changes that were noted by higher austenitization treat-
ments were:

G coarsening of the prior austenite grain size [1-22],

2= reduction in the amount of twinned plate martensite and a con-
current increase in the amount of dislocated lath martensite
L4.7,17,19]

3, increase in the amount of retained austenite, usually present
in the form of interlath films [3-5,9,10,19],

4. reduction in the amount of segregation of impurity and alloying
elements to the prior austenite grain boundaries [1,2,5,54,66]
and

5. reduction in the amount of second phases at the prior austenite
grain boundaries [1,3,5,8,14].

Although the above changes have generally been reported by many in-
vestigators, there is no complete agreement among these investigators.
Some investigators claim, for instance, that no changes were observed
with respect to twin density [16,60], amount of retained austenite [16,17,
20] and segregation [165] with increased austenitization temperatures.
This investigation examines these claims and attempts to relate the ob-

served changes in properties with the structural variations produced.



One variation of the high temperature heat treatment is the step
heat treatment, which involves austenitizing the steel at high tempera-
tures, followed by quenching to a lower temperature in the austenite
phase and then quenching to transform the austenite to martensite. While
this heat treatment reduced the problem of quench cracking that usually
results in high temperature heat treatments (especially in thick sections
where differential cooling rates exist), the fracture toughness dropped
to an intermediate value, while tensile ductility, strength and impact
toughness usually decreased to an even greater extent when compared with
the conventional heat treatment [3,8,17-19]. The main structural changes
between this and the direct high temperature heat treatment were the in-
creased amounts of segregation to the prior austenite grain boundaries
and an increase in the twin density [17-19]. Other variations of the
basic conventional heat treatment have also been attempted, including
isothermal holding prior to final quenching for different times at dif-
ferent temperatures in either the bainitic or the martensitic regions,
but the reactions involved were difficult to control and the final pro-
duct did not usually yield the high fracture toughness at strength
levels similar to that of the conventional heat treatment, achieved
through the high temperature heat treatment [18,19,28,253].

Rapid cyclic heat treatments between the austenite and the marten-
site phases produce ultrafine grains [24,46] and strength can be signifi-
cantly improved. However, while this process increases the fracture
toughness at similar or increased strength levels for certain steels
like EN24, for 4340 and 300M steels, it improved only the yield strength

while decreasing the fracture toughness [17,25,26].



Dispersion of particles in the austenite produces dislocation multi-
plication, during subsequent transformation of the austenite to martensite
and enhances strength through dispersion strengthening [123-125]. While
ausforming is one way to achieve this dispersion [122,273,274], the
tempered martensite could alternatively be rapidly reaustenitized and
requenched immediately to transform the austenite with undissolved car-
bides to martensite. This second approach improved the strength and
ductility of some alloys but toughness did not improve significantly
[124,125,275,276]. By reaustenitizing a lightly tempered martensite at
low temperatures, grain refinement was achieved through the nucleating
action of fine carbides, which subsequently dissolved and upon transform-
ation to martensite, strength and impact toughness were improved in some
low alloy steels [277-279]. 1In this investigation although isothermal
heat treatments are not studied, step and cyclic heat treatments are ex-
amined. New heat treatment approaches are attempted to produce a disper-
sion strengthened, grain refined, lath martensitic structure that yields
optimum mechanical properties.

Thus, while many heat treatments and processes have been studied,
only limited success has been achieved in producing low alloy steels
with high strength, ductility and toughness. While these various studies
have provided valuable insight into the microstructural features that
lead to better properties, there is no unified analysis of this subject.

These are the main concerns of this investigation.



2.2. Stress Corrosion Cracking and Acoustic Emission

Stress corrosion cracking is particularly severe for high strength
steels, which are extremely susceptible even under very mild environ-
ments with very low hydrogen content (less than a few parts per million).
Although efforts to improve the general properties (like strength, tough-
ness etc.) of these steels are not lacking, often the effects of such ef-
forts upon stress corrosion characteristics are not studied. Especially
in the case of 300M steel, little published work exists [17,27-31] and
none examined the effects of high temperature and step heat treatments
upon the crack growth behavior. Even among these limited studies, in-
consistencies exist as to the actual values of threshold stress intensity
and crack growth rate data. This investigation attempts to clear these
inconsistencies, as well as providing the necessary data for those heat
treatments not previously considered.

Many factors affect the stress corrosion cracking behavior of steels
and these include the alloy strength level, applied stress intensity,
microstructure (including the type, size, distribution and shape of car-
bides, dislocation density, twin density, amount of retained austenite,
prior austenite grain size and segregation of impurity and alloying ele-
ments), steel composition, environment and temperature. Again, for 300M
steel, little work has been carried out to analyze the effects of these
various factors upon the stress corrosion cracking behavior. All these
factors, including the relevant literature, are covered in Section 5.

In many cases even when reasonable data is available, there is some con-
fusion as to the actual influence of these parameters upon the stress cor-

rosion cracking behavior. As an example, some investigators reported an



increase in threshold stress intensity with an increase in prior austen-
ite grain size [29,32,33], while others reported no grain size effect
[17,26]. The influence of these various parameters upon stress cor-
rosion cracking behavior are also studied in this investigation.

Several theories to explain hydrogen embrittlement have been put
forth [229-233,236,237,239-242,282,286]. These can be broadly classified
into:

1. the pressure-expansion theories [229-233], which postulate that
large hydrogen pressures are generated within internal micro-
cracks and voids and expand, causing coalescence of such cracks
and voids,

2. the decohesion theories, which assume a critical hydrogen con-
centration above which the cohesive force between iron atoms at
the crack tip is decreased and the crack advances, atom by atom
[236,237,239-242] and

3. the adsorption theories, which propose that the surface free
energy of an atomically clean metal is decreased by hydrogen
adsorption, thus lowering the fracture stress [282,286].

None of these theories are adequate in explaining the observed be-
havior of UHSLA steels under hydrogen-containing environments. The
pressure-expansion theories do not explain the observed cracking of high
strength steels at atmospheric and low pressures [234,235]. The deco-
hesion theories cannot account for the discontinuous crack propagation
of these steels [32,238] and the adsorption theories are questionable

from the standpoint of fracture strength of real materials, wherein the



effect of surface energy on the total energy for fracture is negligible
[97]. Hence, in this study, a new mechanism is proposed to explain the
observed stress corrosion cracking behavior of high strength steels.
Since acoustic emissions are generated during transient changes in
the local stress and strain fields within a material, the actual mechan-
ism of stress corrosion cracking in high strength steels can be better
understood by the use of acoustic emission techniques. When the stress
corrosion crack propagates, a part of the elastic energy is released as
a stress wave that can be detected by a transducer located on the surface
of the specimen. Although several investigators have attempted to study
stress corrosion cracking behavior of materials through acoustic emission
monitoring, there are no established interpretative techniques [33,40,
254-267]. The analysis of the acoustic emission data is still in its
infancy. 1In this study, acoustic emission methodology is used to better
understand the stress corrosion cracking behavior and new interpretative

techniques are presented to analyze the acoustic emission data.

2.3. Objectives of this Investigation

Briefly, the ultimate goal of this study is to obtain better
properties in 300M steel through alterations in the basic microstructure,
effected by new heat treatment processes. The starting point is the
study of structure-property relationships, developed through several
standard heat treatments. Subsequently, modified heat treatments are
developed to achieve the necessary microstructural changes that yield
the optimum properties in the steel. Although these modified heat treat-

ments could be equally well or better applied to other medium or high
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alloy steels (or through additions of alloy elements to the base 300M
steel), these studies are limited to commercially available vacuum arc
remelted 300M steel. The impact of these heat treatments, as well as
the standard heat treatments, upon the stress corrosion properties are
also examined and the mechanisms of embrittlement are studied through

acoustic emission monitoring.



1

3. EXPERIMENTAL PROCEDURE

3.1. Materials and Specimen Preparation

The alloy used in this investigation was 300M steel, a vacuum re-
melted silicon modified AISI 4340 steel, whose chemical composition 1is
given in Table 3-1.

The steel was received in the form of 19 mm thick hot rolled plates
and 12.7 mm drawn rods in a fully annealed condition. Tensile specimens
were machined from the rods and compact tension (CT), Charpy V-notch
(CVN) and double cantilever beam (DCB) specimens were all machined from
the plate, in accordance with ASTM specifications, in L-T orientation,
Figure 3-1. Dimensional details of the various specimens are shown 1in
Figure 3-2. CT specimens were used for evaluation of plane strain frac-
ture toughness, stress corrosion crack growth rates and acoustic emission
studies. CVN specimens were used for evaluation of impact toughness (in-
cluding fracture initiation and propagation energies), specimen deflec-
tion, dynamic fracture toughness and apparent yield strength and DCB

specimens for threshold stress intensity evaluation.

3.2. Heat Treatment

Various austenitization and reaustenitization temperatures, both of
which control the final microstructure obtained in the steel, various
intermediate tempering temperatures and one final tempering temperature
were used in this investigation and the exact heat treatment schedules

are all listed in Table 3-2.
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TABLE 3-2
HEAT TREATMENTS EMPLOYED

Austenitization

Intermediate Temper

Reaustenitization

Final Temper

Code Temperature Time Temperature Time Temperature Max.Time Temperature Time

(*C) (°F) (min) (°C) & 2 (min) (%C) (°F) (min) 2] (°F) (min)

Conventional 870 1598 60 i e i s i = 280 536 60

Cyclic 870 1598 60 i e i 850 1562 3 280 536 60

High

Temperature 1200 2192 60 —_—— —-——— —— - - ——— 280 536 60

Step 1200+ 2192+ 60~ —-—— - - - -—— -——— 280 536 60
870 1598 5

Modified

Conventional 870 1.59:8 60 650 1202 60 850 1562 3 280 536 60

Modified High

Temperature 1200 2192 60 650 1202 60 850 1562 3 280 536 60

Modified

Step 1200» 2192» 60~ 650 1202 60 850 1562 3 280 536 60
870 1598 2

6T
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All austenitizing heat treatments were carried out in controlled
atmosphere (argon) '"Mini Brute' Thermco vertical tube furnace, with a
center 35.6 cm flat zone accuracy of + 0.3°C. Intermediate and final
tempering operations were carried out in a Thermodyne constant tempera-
ture salt bath furnace with an operating range of 175°C to 700°C and an
accuracy of + 0.3°C. A small salt bath furnace with a 45.7 cm long x
15.2 cm diameter pot, coupled to a Polytherm temperature controller,
capable of maintaining temperature within + 0.3°C, in a working range of
900°C to 1300°C was constructed to carry out reaustenitization opera-
tions. Dummy CT and tensile specimens with type K chromel-alumel thermo-
couple embedded in the core were used to monitor heating rates and times

at reaustenitization temperature, whenever appropriate.

3.3. Mechanical Property Evaluation

3.3.1. Plane Strain Fracture Toughness Testing. Room temperature

plane strain fracture toughness of the steel, under various heat treated
conditions, was evaluated in accordance with ASTM E 399-74 specifications.
After machining of CT specimens, including the cutting of a crack starter
notch, a 200 ym wide slot was further cut, after appropriate heat treat-
ments, to act as a sharp notch during fatigue precracking. Fatigue pre-
cracking and fracture toughness testing were both carried out using a
10,000 kg capacity Instron Lawrence dynamic test system. Fatiguing was
done at an R ratio of 0.5 with a mean load of 680 kgs and an alternating
load of 340 kgs, and at 10 Hz or 20 Hz. 1In no case did the maximum

stress intensity of the fatigue cycle exceed 60% of the ch values and

the minimum fatigue crack length was at least 1.27 mm, the total crack
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length being at least 22.9 mm. In order to evaluate the KIc values, a

compliance calibration curve was generated (Figure 3-3). A computer
program was used to carry out regression analysis and (a/W) vs (VBE/P)
values were curve fitted using a polynomial of fourth degree, the actual

expression being:

a _ -3 [ VBE -5 [ VBE
T 0.15 + 8.71 x 10 7 5.71 x 10 -

4 [ VBE 10 [VBE\4

s (3.1)

+1.84 x 10 -2.26 x 10

This curve was subsequently used to read off the a/W values for a given
VBE/P and thereby, obtain the f(a/W) values in the Brown and Srawley

[280] equation:

/

e /Bt 2y eca/m), (3.2)

g ™ g

I

/2 /2

129.6¢a/m) /2 = 185.5¢a/w)32 + 655.2(a/w)°

with fla/w)

7/2

- 1017.0(a/w) + 638.9(a/W)9f2], (3.3)

where KQ equals conditional fracture toughness (equals KIc’ the actual
fracture toughness for a valid test), PQ and P equal load, as determined
in Section 9.1.1, E-399-74, B equals thickness of the specimen, W equals
width of the specimen, a equals crack length and E equals the modulus
of elasticity.

An Instron crack opening displacement gauge (COD), with a sensitiv-

ity of 250 pym/volt was used to monitor the crack length and the Instron

machine was operated at a strain rate of 0.025 cm/min.
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3.3.2. Impact Toughness Testing. Room temperature longitudinal

dynamic tests on ASTM Charpy V-notch specimens were done using a micro-
processor based Instrumented Charpy impact machine with a 160 Nm capacity
at Battelle Northwest Laboratories, Richland, Washington. On impact, the
dynamic load on the specimen was measured through an electrical signal
sent by the strain gauges on the tup of a Charpy hammer. The calibration
method used to assure the reliability of load measurements is described
in Appendix I.

Since load deflection data were also recorded, dynamic fracture
toughness (KId) and apparent yield stress (UA) were also calculated, with

K g given by the equation [280]:

=[1'5 i (%)L B aln] (3.4)

BW2

KId

with £(a/W) = 1.93 - 3.07(¢a/W) + 14.53(a/W)2 - 25.11(a/wW)>

% 25.8(a/w)4 , (3.5)

where L equals length, W equals width, B equals thickness, a equals notch
depth, and Pm equals applied load at fracture pop-in.
By substituting the appropriate values for the conventional Charpy

V-notch specimen, the above equation reduces to:

Kig = 38.7 f(a/w) Pm 31/2 (3.6)

In the Instrumented Charpy system, three more parameters, viz.,

specimen deflection and fracture initiation and fracture propagation ener-

gies were also obtained. The deflection at yield of the specimen is, as
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shown in Figure 3-4, obtained from the effective velocity (see Appendix

I); of the tup from the relationship, deflection d = (Veff)t,

Veff’
where t is the time taken for yielding the specimen.

The fracture initiation energy is the area (Ai) under the load de-
flection curve (see Figure 3-5) up to the maximum load, Pm’ at fracture
pop-in and the fracture propagation energy is the total area (At) under
1

the load-deflection curve minus the area Ai. The total energy (= A. +

At) gives the Charpy impact energy.

3.3.3. Tensile Testing. Room temperature longitudinal tensile

properties were determined using standard ASTM 6.35 mm diameter rods and
pulling them in tension in the same 10,000 kg capacity Instron test sys-
tem, used for fracture toughness evaluation. The strain rate applied

was 0.025 cm/min and the strain was measured using a 2.54 cm gauge MTS
extensometer. The yield strength (Oys) was read off from the load-strain
curve at 0.27% total strain and the tensile strength, percent elongation
and percent reduction in area were all evaluated according to standard

procedures.

3.3.4. Stress Corrosion Cracking Testing.

3.3.4.1. Threshold Testing. Bolt loaded DCB specimens were

used for the evaluation of threshold stress intensity values. 2.5 mm
deep grooves were cut along the sides of these DCB specimens to prevent
the crack from running out of the plane. After appropriate heat treat-
ments, a 200 um wide crack starter notch was cut and these DCB specimens
were then loaded by tightening the bolts while monitoring the arm deflec-

tion accurately with a Gaertner cathetometer until a pre-selected
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deflection value was achieved. These were then immersed in a 3.5% aque-
ous solution of reagent grade sodium chloride and left under load for 100

hrs after which they were broken open to measure the hydrogen assisted

s
crack extension. For these specimens, for a fixed arm displacement, the
stress intensity decreases as the crack grows, until at threshold stress
intensity, the crack stops growing. From the arm deflection (v) and the

crack length (a) data, the threshold stress intensity value(KISC;)was

calculated using the relationship [287]:

VEh[3h(a + 0.6m)2 + n31%
= : ] (3.7)

Bl 3 BB+ bfal

Iscc

where E equals modulus of elasticity and h equals half height of the DCB
specimen.

These KIscc values were also crosschecked using CT specimens (with
an acoustic emission detection system) kept immersed for 100 hrs in a
3.5% sodium chloride solution, under a load very near that corresponding
to the Klscc values. A third method was also used, namely extrapolation
of dc/de or dc/dt or de/dt or da/dt versus applied stress intensity
curve, where ¢ equals cumulative threshold counts, e equals cumulative

events, t equals time interval and a equals crack length. This method

is described in detail in Section 4.1.5. The KISCC values measured by

these various methods were within * 0.275 MNm_3/2

3.3.4.2. Crack Growth Testing. CT specimens conforming to

ASTM E 399-74 specifications were used to study the crack growth rate

as a function of stress intensity. After heat treating, a 200 pm wide
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slot was cut to act as a notch during fatigue precracking. A sharp

crack was then introduced by fatiguing in the Instron test system, at

10 or 20 Hz, with a mean load of 680 kgs and an alternating load of

340 kgs (R ratio of 0.5) and decreasing these loads, while maintaining
the R ratio constant, to minimize any residual stress effect. At each
stage, the crack was allowed to grow through the plastic zone associated
with the previous higher load. This procedure was necessary to obtain
the crack growth rates at low stress intensity levels. The starting
crack length (including the fatigue precrack) was at least 23 mm. These
specimens were then immersed in a 3.57% sodium chloride solution and
loaded to a predetermined stress intensity level. For this fixed load,
the stress intensity increases as the crack propagates. Using an Instron
crack opening displacement (COD) gauge, with a sensitivity of 250 um/volt,
the displacement was continuously monitored and plotted as a function of
time. Through the compliance calibration data, the crack length, a,

and the corresponding stress intensity, KI, were then calculated for
small increments of time. A Motorola microprocessor was used to record
the displacement, time and the acoustic emission parameters, c (cumula-
tive counts) and e (cumulative events), continuously onto a magtape.
These data were then analyzed using a computer program which converts the
digital values to real values and another program which calculates the
crack length, a, the crack growth rate, da/dt, for da 2 125 ym, the aver-

age stress intensity, K for every set of two successive a values,

I)
counts and counts rate dc/dt and dc/da, events and events rate de/dt and

de/da, and counts per event dc/de data (Appendix II). Graphical plots of

interest like da/dt or dc/de vs KI were then generated using a third pro-

gram.
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3.4. Acoustic Emission Monitoring

A block diagram of the A.E. monitoring system is given in Figure 3-6.
An AET model AC175L resonant frequency piezoelectric transducer was at-
tached, using a viscous couplant (AET #SC4), to the CT specimen under-
going the stress corrosion test. After passing the transducer output
through an AET model 160 filter with a bandpass range of 125-250 KHz to
eliminate extraneous noise below 125 KHz, the signal was further ampli-
fied with a 60 dB preamplifier. This signal was then processed using AET
model 201 signal processor (which can provide an addititonal gain of up to
40 dB) to record the cumulative threshold counts and AET model 203 ampli-
tude distribution analyzer to record the cumulative events. Model 203
can also sort events according to their amplitude into 50 channels over
a 60 dB dynamic range and the amplitude distribution can be obtained at
any time during a test on a log or linear scale as a frequency or cumu-
lative frequency histogram. In these tests, an actual gain of 70 dB was
used, with the threshold stress intensity level set at 0.05 V which was
slightly higher than the noise level of about 0.03 V. Cumulative counts
and events were recorded as a function of time and crack length onto a
magtape, and were further processed using the programs described earlier

(Appendix II).

3.5. Structural Studies

3.5.1. Transmission Electron Microscopy. Broken CT specimens were

used to obtain thin foils for TEM study. 500 um thick slices were cut
from these specimens using a 0.79 mm abrasive cutoff wheel, while flood-
ing with a coolant to avoid heating. These slices were then mechanically

ground and polished to about 125 um, followed by electropolishing to 50 pm.
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Discs of 3 mm diameter were then obtained from these 50 um thick slices
using a mechanical punch. Final jet polishing was done using a Fischione
double jet polishing unit. For both window and jet polishing, the
electrolyte used was 100 gms of chromic trioxide in 540 cc of glacial
acetic acid and 28 cc of distilled water, under an applied voltage of

60 V for window polishing and 80 V for jet polishing at a current density
of 0.5 to 0.6 amp/sq cm. By surrounding the electropolishing unit in an
ice bath, the temperature of the electrolyte was maintained between 10°C
to 15°C during polishing.

To identify the carbides in the steel, carbon extraction replica-
tion samples were prepared and examined in TEM. After successive grind-
ing in 120, 240, 400 and 600 grits, followed by final polishing in selvyt
cloths impregnated with 5 um, 0.3 um and 0.05 um alumina particles sus-
pended in water, the samples were etched in a 5% nital solution. Fine
carbon particles were deposited onto these surfaces to a thickness of
about 200 pm by the following method: Specimens were placed on glass
slides and held flat using cellotape. They were then transferred to an
evaporating unit, capable of reducing pressure up to 10_4 mm of Hg. Two
carbon rods, one blunt and the other sharp (to give a point source) were
placed just touching each other, about 25 cm above the sample and at a
pressure of 10_&'l mm of Hg, carbon was evaporated by resistance heating
of the rods at the contact point to produce a film on the specimen sur-
faces. For judging the thickness of the film, a drop of diffusion pump
0il was deposited onto a piece of clean white porcelain placed alongside

the specimens. Carbon film does not form on the oil droplet itself, but

the surrounding areas become deeply tinted as the film thickness
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increases. After about 3 to 4 seconds, when the tint becomes light gray,
the carbon film will be about 200 A thick. Squares of 2 mm side were
scribed on these surfaces using a fine blade, followed by re-etching for
a short time. The carbon films were then freed by electropolishing in
10% nitric acid in ethyl alcohol for 5 to 10 seconds, at a current dens-
ity of 1.5 amps/sq cm under 10 V, followed by washing in ethanol and
lowering in distilled water until freed. The floating pieces of carbon
film were caught on perforated copper grids (75 x 300 mesh), which were
previously washed in alcohol and thoroughly dried, and then examined in
the TEM.

Both the thin foil specimens and extraction replica films were ex-
amined in a Hitachi HU-11B TEM under accelerating voltages of 75, 100 or

125 Kv.

3.5.2. Scanning Electron Microscopy. All fracture surfaces, be

they broken CT specimens, tensile specimens, Charpy specimens or stress
corrosion cracking specimens, were coated with a protective clear plastic
"Dem-Kote'" spray to prevent them for oxidizing. Whenever ready for ex-
amination, the coating was dissolved in acetone and ultrasonically
cleaned in petroleum ether.

For structural studies with SEM, polished and etched specimens (with
a somewhat heavier etch than in the case of optical microscopy specimens)
were used and these were examined under either direct contrast mode for
topology studies or inverse contrast mode (to highlight structural fea-

tures like carbides, lath and prior austenite grain boundaries).
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All these specimens were examined in a JEOL (JSM-35) SEM under
secondary electron accelerating voltages of 15 or 25 KV and at various

magnifications.

3.5.3. Optical Microscopy. Specimens for optical microscopy work

(cut from the central portion of CT specimens) were ground successively
in 120, 280, 400 and 600 grits and then polished successively in selvyt
cloths impregnated with 5 um, 0.3 um, and 0.05 pym size alumina particles
suspended in water. These were then etched in a 5% picral and nital solu-
tion with a few drops of zephyron trichloride. The final polishing and
etching steps were repeated 3 to 4 times. The microscope used was a
Carl-Zeiss optical microscope. For determination of grain sizes, es-
pecially for fine grained structures, the specimens were embrittled by
tempering at 650°C for 10 hours, followed by step cooling at the rate of
10°C/hr. The grain sizes were measured by Jeffrey's intercept method

(ASTM spc. #E112-81).

3.5.4. X-Ray Analysis. Powders for x-ray diffraction were ob-

tained by filing CT specimens. For carbide identification, the carbon
films obtained by the extraction technique were used as such. The dif-
fraction patterns were obtained using a 57.3 mm Debye-Scherrer camera on
Siemens Kristalloflex-2 diffraction unit, using either Cr-Ka or Co—Ka
radiation.

Elemental analysis was also done using the Ortec energy dispersive

x-ray analysis unit attached to the JSM-35 SEM.

heat treatment these values increased marginally by 1.2% and 3.1%.
Impact toughness also decreased for the high temperature and step

heat treatments, by 9.5 Nm and 14.8 Nm, respectively, whereas it in-

creased by 3.4 Nm for the cyclic heat treatment. The fracture initia-

tion (FIE) and the fracture propagation (FPE) energies, measured during



TENSILE PROPERTIES

Ultimate Tensile Reduction
Heat Specimen Yield Strength Strength Elongation in Area
Treatment # (Ksi) (MNm~2) (Ksi) (MNm~2) (%) (%)

D189 234 .7 1616.9 285.6 1967.5 1l 3 39.8
Conventional D190 235.9 1625.1 2843 1958:.5 10.8 39.2
Me an 2355 3 1621.0 285.0 1963.0 11.1 39.5
D139 260.1 1791.8 301..2 2075.0 13.0 43.4
Cyclic D140 252.7 1740.9 290.4 2000.6 11.5 41.8
Me an 256 .4 1766.4 295.8 2037.8 12.3 42.6
Hieh D187 241.0 1660.2 293.:2 2019.9 6.4 12.4
Tei A D188 239.8 1652.0 2881 1984 .7 3,1 10.9
P Mean 240 .4 1656.1 2907 2002.3 5.8 11:7
D185 22352 1537.6 269.0 1853.1 6.9 13.9
Step D186 2105 1450.1 2588 1782.9 10.0 1.8 3
Mean 216.9 1493.9 263.9 1818.0 8.5 16.1

"0¢



FRACTURE TOUGHNESS AND IMPACT

TABLE 4-2.

PROPERTIES

Flane Strain Fracture Charpy Dynamic Fracture Apparent Deflection
Heat * Specimen Fracture Toughness Initiation Energy Propagation Energy V-Notch Encrgy Toughness Yield Strength at Yield
Treatment ' (Ksiin) (e >'2)  (fe-1bs) (hm) (te-1bs)  (Nm) (£t-1bs) (Nm) (Rsivim) G 272) (Ksi) (e ) (x10 tin) (x10 ‘m)
E5S Eb 50.7 55.17 16.5 22 .4 3.1 4.2 19.7 26.7 126 .4 138.9 2347 1616.9 42.0 0.7
Convent ional BCIBS,BCIY0 51.0 560 16.7 2.1 1.5 4.8 20.2 27.4 1.7 122.8 215.9 1625.1 42.0 10.7
Mean 50.9 55.9 16.6 2.6 1.3 4.5 0.0 27.1 9.1 130.9 235.3 1621.0 42.0 10.7
E35,El6 50.6 5%.6 16.7 22.17 L} 8.3 22.8 10.9 136 8 150.3 129.9 1583.8 16.1 9.2
Cyclic BC15H,BCI60 46.0 50. 6 18.2 4.7 1.4 4.6 y i B 29.4 172.5 189 . 6 NGk 209R . 4 btV 11.3
Mean 48.1 1.1 17.5 21.7 4.8 6.5 22.5 30.2 154.17 170.0 267.1) 18411 40.3 10.3
High ELL,EL2 B3.2 91 .4 10.0 13.6 3.2 4.1 13.2 17.9 2.1 123.2 24734 1676 8 12.5 8.3
Temperature BCIB7 BCIBB 2.1 90.9 9.8 13.13 2.9 1.9 12.8 17.4 109 .1 119.9 241.3 1703.7 32.5 8.3
Mean 83.0 91.2 9.9 13.5 3.1 4.1 13.0 17.71 110.6 120.6 245.4 1690.3 32.5 8.3
ElB E2) 64 .7 71.1 5.9 8.0 2.3 3.1 B.2 1.1 121.5% 1401 194.9 13427 26.9 6.8
Step BCIBS BCIAG L] B86.6 7.6 103 2.1 1.1 10.0 13.6 126 8 139.13 221.9 1562.5 29.4 1.5
Mean 71.8 8.9 L] i 2.1 3.1 9.1 12.4 127.2 139.7 209.4 1442 .6 8.2 1.9
*Code: E = Charpy V-notch Specimen

BC = Compact Tension Specimen
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instrumented impact testing were also slightly higher for the cyclic
heat treatment, by 1.2 Nm and 2.0 Nm, respectively, when compared with
the conventional heat treatment, but were significantly lower for the
high temperature heat treatment, by 9.1 Nm and 0.27 Nm, respectively, and
for the step heat treatment, by 13.3 Nm and 1.36 Nm, respectively. The
maximum variation was thus noted in the FIE. Specimen deflection, also
measured during impact testing, decreased by 0.24]1 mm and 0.352 mm for
the high temperature and step heat treatments, respectively, while it de-
creased very marginally by 0.043 mm for the cyclic heat treatment. Thus,
in general, the variation in the impact toughness, FIE, FPE and specimen
deflection followed similar trends.

From the Charpy load vs. deflection curves, dynamic fracture tough-

ness (KId) and apparent yield strength (GA) were also measured. For the

3/2

high temperature heat treatment, KId decreased by 9.3 MNm but for
step and cyclic heat treatments, it increased by 8.9 MNm_3{2 and
39:1 MNm_3/2, respectively. The apparent yield strength increased by

69.6 I~1Nl:n_2 and 220.5 MNrn”2 for the high temperature and cyclic heat treat-
ments, respectively, while it decreased by 178.4 I“INm_2 for the step heat
treatment. Although the absolute values were not identical, the change

in apparent yield strength was exactly similar to the change in actual
yield strength for the various heat treatments. However, the change in

K d did not always follow the trend of either K. or CVN toughness.

i Ic

Significant improvements in the fracture toughness of 300M and
other UHSLA steels at similar yield strength levels but with reduced duc-

tility, was also observed by other investigators [1-22]. Most of these
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investigators [3,4,6,12,13,20-22] noted a decrease in the impact tough-
ness with an increase in the austenitization temperature. On the con-
trary, Datta [23] noted an increase in CVN energy with an increase in
austenitization temperature but did not explain this behavior. However,
in agreement with the present investigation, he noted identical trends

for deflection, CVN energy and FIE. Thus, in general, the observed dif-
ferences in toughness and tensile properties between the high temperature,
step, and conventional heat treatments are consistent with the results ob-
tained by other investigators. Cyclic heat treatment was shown to im-
prove the strength of various steels by Grange [24]. This technique im-
proved the toughness of EN24 steel at similar strength levels [25] but
when extended to 4340 and 300M steels, improved only the strength while
the fracture toughness decreased [17,26]. This is also consistent with

the results obtained in this investigation for cyclic heat treatment.

4,1.2. Heat Treatment Standardization. A new series of heat treat-

ments was developed to achieve optimum mechanical properties. Initial
standardization work was carried out to determine the optimum time and
temperature for the intermediate tempering step and also for the reaus-
tenitization step. The general heat treatment principle was the same in
all cases, viz., austenitize the specimen at the desired solutioning tem-
perature, quench in oil (agitated) to room temperature to transform the
austenite to martensite, temper the martensite at the desired inter-
mediate tempering temperature for specific time intervals, reaustenitize
the specimen at the desired temperature for specific short time periods,

quench the specimen again in agitated oil to room temperature and temper
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the martensite at the final tempering temperature and quench in water

to room temperature (see Figure 4-3). Fracture toughness and tensile re-
sults are shown as functions of reaustenitization times for a constant
850°C reaustenitization temperature for three intermediate tempering tem-
peratures, viz., 600°C, 650°C and 675°C, respectively, in Figures 4-4,
4-5, and 4-6. KIc and Oys values are also compared in Figure 4-7 for all
three cases. 1In all cases, the intermediate tempering time was held
constant at 1 hr, the initial austenitization temperature was chosen as
870°C (with a solutioning time of 1 hr) and the final tempering tempera-
ture and time were 280°C and 1 hr, respectively. A minimum reausteniza-
tion time of 3 min was necessary for the core of the CT (and DCB) speci-
men to achieve the reaustenitization temperature of 850°C. This was
determined using a chromel-alumel thermocouple embedded in the core of a
dummy CT specimen. Similarly, for the tensile specimens, the minimum
reaustenitization time was determined to be 1 min. It is seen from
Figures 4-4, 4-5, 4-6 and 4-7 that the best combination of properties

was achieved in all the cases when the reaustenitization time was 3 min
for the CT specimens, corresponding to 1 min for the tensile specimens.
(Since the core of tensile specimens reaches 850°C 2 min earlier than

the CT specimens, holding the CT specimens for 3 min at 850°C is equiva-
lent to holding the tensile specimens for 1 min at 850°C and holding the
CT specimens at 850°C for 10 min is equivalent to holding the tensile
specimens at 850°C for 8 min and so on.) Hence, in these figures, the
x-axis refers to the reaustenitization time for CT specimens and the

tensile properties plotted against a particular x-value would refer in
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actuality to the value corresponding to (x - 2) min. The actual values
are also listed in Table 4-3. While it is obvious that the best combina-
tions of KIC and yield strength were achieved with an intermediate tem-

pering temperature of 600°C, the drop in K 6 with increasing time was

I
more rapid than when the intermediate tempering temperature was 650°C.
Also, the initial differences for these two cases were not significant.
However, when the intermediate tempering temperature was 675°C, the
toughness-strength combinations were poor. Based on these results, in-
termediate tempering temperature of 650°C and reaustenitization temper-
ature of 850°C were chosen for further study. For these conditions, the
complete property plot as a function of reaustenitization time is given

in Figure 4-8. Beyond 10 min reaustenitization times, all the properties
remained essentially unchanged, with the actual values corresponding to
those of the conventionally heat treated specimen (Table 4-4). From these
results, it was concluded that 3 min reaustenitization time gave the most
beneficial results and for further studies, this time was chosen. Hence-
forth, this heat treatment will be referred to as the modified conven-

tional, modified high temperature or modified step heat treatment, depend-

ing upon the initial austenitization temperature.

4.1.3. Modified Heat Treatments. Tables 4-5 and 4-6 list the me-

chanical properties of conventional, high temperature, step, modified
conventional, modified high temperature and modified step heat treatments.
The heat treatment schedules are shown separately in Figure 4-9. A histo-
gram analysis of the mechanical properties is presented in Figure 4-10.

It is clear that all the modified heat treatments exhibited better



TABLE 4-3.
MECHANICAI, PROPERTIES OF TRIAL HEAT TREATMENTS

Reaustenitization Yield Ultimate Tensile Plane Strain Reduction

Heat #*Specimen Time 'x' Strength Strength Fracture Toughuess Elongation in Area
Treatwent Il (min) (Rsi)  (MNm %)  (ksi)  (MNm )  (Ksivin)  (MNm 72) (%) (1)
870°C/1hr+ D 203
e i ¥ 3 244.8  1686.4  284.3  1958.5 107.5 118.1 11.0 441

3 D 205 1
600°C/1hr+ 51 232.1  1598.9  263.9  1818.0 57. 62.8 57 22.6
BC 205
850°C/'x'min+ D 204 5
Gl Guenctt . ¥G 304 74 197.8  1362.6  255.0  1756.7 106.0 116.5 9.6 23.3
. D 202
280°C/1hr 10 196.5  1353.7  252.5  1739.5 100.5 110.4 9.4 23.3
BC 202
870°C/hr+ D 197
. 1669. 84 . 1958. 5 4. 104.3 134 45.8
0il Quench+ BC 197 3 2.3 S 2 3 2 R
. D1911
650°C/1hr+ e 5 201.6  1388.8  232.1  1598.9 75.9 83.4 6.0 25.4
850°C/'x"'min+ D 198
Gl ouenehs - prmion 74 243.6  1678.2  285.6  1967.5 571 62.8 13,1 44.1
280°C/1hr Bg :gg 10 243.6  1678.2  288.1  1984.7 47.4 52.1 1.1 441
870°C/ Lhr+ D 209
Bil Guenchi. B0 308 3 163.5  1126.4  220.7  1520.4 117.0 128.6 10.0 28.8
675°C/1hr+ o 208 5 171.1  1178.7  229.6  1581.7 113.7 125.0 9.4 27.4
BC 208 : : ' ARk ' ' ' '
850°C/'x'min+ D 207 .
el 74 229.6  1581.7  265.2  1827.0 85.8 9%.3 6.7 24.0
280°C/1hr b 206 10 242.3  1669.2  286.8  1975.8 47.5 52.2 1.1 43.2
Sy : : : . : : . :
*Code: D = Tensile Specimen
BC = Compact Tension Specimen

ey
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TABLE 4-4.

MECHANTCAIL PROPERTIES OF TRIAL HEAT TREATMENTS
E : Yield Ultimate Tensile Plane Strain .
Rpausspnlflfﬂtlon Strength Strength Fracture Toughness i Rgductlon
Heat Time 'x = — - =177 Elongation In area
Treatment *Specimen f (min) (Ksi) (MNm ) (Ksi) (MNm ©) (Ksiy'in) (MNm ) (%) (%)

D 197

BC 197 3 242.3 1669.2 284.3 1958.5 94.9 104.3 13.4 45.8

B70°C/1hr+ p1911 5 201.6 1388.8 23%.1 1598.9 75.9 83.4 6.0 25.4
RC 191

0il Quench+ D 198 74 243.6 1678.2 285.6 1967.5 571 62.8 13:1 44,1
BC 198

650°C/1hr+ D 192 10 243.6 1678.2 288.1 1984 .7 47 .4 52.1 1.1 441
BC 192

850°C/"'x"'min+ D 193 15 2359 1625.1 286.8 1975.8 58.4 64.2 12.0 a4 .1
BC 193

01l quench+ D 194 20 234.7 1616.9 280.5 1932.4 L7.4 52.1 112 40.4
BC 194

280°C/Ihr D 195 25 232.1 1598.9 280.5 1932.4 57.8 63.5 Jiliz 0 37.9
BRC 195

D 196 30 244 .8 1686.4 290.7 2002.6 59.2 65.1 8.9 22.6
BC 196

D 199 45 235.9 1625.1 281.7 1940.6 48.5 533 12.4 45.2
BC 199

“Code D = Tensile Specimen
BC = Compact Tension Specimen

=
N



TABLE 4-5.
TENSILE PROPERTIES

Ultimate Reduction
Heat Specimen Yield Strength Tensile Strength Elongation in Area
Treatment # (Ks1) (MNm=7) (Ksi) (MNm=7) (%) (%)
D189 234.7 1616.9 285.6 1967.5 11..3 319.8
Conventional D190 235.9 1625.1 284.3 1958.5 10.8 39.2
Mean 235.3 1621.0 285.0 1963.0 11.1 39.5
Modified ni97 242.3 1669 .2 284 .1 1958.5 13.4 45.8
Conventional p127 260.2 1792.5 290.0 1997.8 14.1 47.6
Mean 251.3 1730.9 287.2 1978.2 13.8 46.7
High D187 241.0 1660.3 293.2 2019.9 6.4 12.4
Temperature D188 239.8 1652.0 288.1 1984 .7 7 | 10.9
Mean 240.4 1656.2 290.7 2002.3 5.8 11.7
Modified High D191 242.3 1669.2 288.1 1984 .7 9.4 23:1
Temperature D213 244 .8 1686.4 285.6 1967.5 8.0 28.1
Mean 243.6 1677.8 286.9 1976.1 B.7 25.6
D185 223.2 1537.6 269.0 1853.1 6.9 13.9
Step D186 210.5 1450.1 258.8 1782.9 10.0 18.3
Mean 216.9 1493.9 263.9 1818.0 8.5 16.1
Modified D170 229.6 1581.7 265.2 1827.0 T2 21.6
Step D171 242.3 1669.2 265,72 1827.0 8.1 ' 21.6
Mcan 236.0 1625.5 265.2 1827.0 1:7 21.6

9%



TABLE 4-6.

FRACTURE TOUGHNESS AND IMPACT PROPERTIES

Plane Strain Fracture Fracture Charpy Dynamic Fracture Apparent Deflection
Hleat Specimen Fracture Toughness Initiation Energy Propagation Energy V-Notch Energy Toughness Yield Strength at Yield
Treatment ' (Ksivin)  (Mm 272y (fe-1bs) (Nm)  (ft-1hs) (Nm)  (1t-1bs) (Nm) (Ksivin) (32 (Ksi) e ) (x107%in)  (x107"m)
ES,E6 50.7 55.7 16.5 22 .4 3.1 4.2 19.7 26.17 126 4 138.9 234.7 1616.9 42.0 10.7
Convent ional BC189,BC190 51.0 56.0 16.17 2.1 1.5 4.8 20.2 21.4 1.7 122.8 235.9 1625.1 42.0 10.7
Mean 50.9 55.9 16.6 22.6 o JE | 4.5 0.0 271 119.1 130.9 235.3 1621.0 42.0 10.7
Modified El,E2 94.9 104 .3 16.9 22.9 15 4.8 20.4 7.7 126.8 139.3 294 .8 2030.9 45.0 1.4
Convent ional BC197,BCL127 89.7 98 6 16 6 22.5 1.0 4.1 19.6 26.6 1404 1563 29).5 2021.9 42.9 10.9
Mean 92.3 101.5 16.8 .7 k] 4.5 0.0 21.2 113.6 146.8 294.2 2026 .4 44.0 LE:2
High Ell,E12 B3.2 9l.4 0.0 13.6 3.2 4.3 13.2 17.9 1z 123.2 2414 1676 .8 ns 8.1
Temperature BCIB7, BC1BB 82.7 90.9 9.8 13.3 2.9 1.9 12.8 17.4 109.1 119.9 2613 1703.7 32.5 8.1
Mean 83.0 91.2 9.9 13.5 1.1 4.1 1.0 17.7 Ho.e 121.6 245.4 1690.13 12.3% 8.3
Modified High E7,EB 91.2 106.8 16.2 22.0 1.1 4.2 19.4 26.1 113.5 146 .7 292.9 017.8 42.3 10.7
Temperature BC 68 ,BC152 99.1 108.9 14.1 19.1 3.4 h.b 17.5 13.7 145.2 159.6 266.8 1838.0 39.2 10.0
Mean 98.2 107.9 15.2 20.6 1. 4.4 18.5 25.0 119.4 153.2 279.9 1927.9 40.8 10.4
E18,E2) 64,7 a1 U | 5.9 L] 2.1 3. 8.2 1.1 127.5 1401 194.9 1342.7 6.9 6.8
Step BC185,BC1B6 78.8 86.6 1.6 10.3 2.1 3.1 10.0 11.6 126.8 139.3 223.9 1542.5 9.4 1.5
Mean 71.8 8.9 6.8 w2 23 3.1 1 12.4 127.2 139.7 209.4 1442.6 28.2 1.9
Modified El1),El4 93.2 102.4 16. 4 22.2 3.6 4.9 20.0 27.1 1401 154.0 292.2 2013.0 42.9 10.9
Step BC 70,BC171 92.3 101.4 14.6 19.8 1 i | 4.5 18.0 244 165.5 181.9 251.7 1775.3 41.2 10.5
Mean 92.8 101.9 155 .0 3.5 4.7 19.0 25.8 152.8 168.0 275.0 1894.2 42.1 10.7

*Code: E = Charpy V-Motch Specimen
BC = Compact Tension Specimen .

Ly
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properties. The modified conventional heat treatment improved yield
strength by 110.2 MNm—z, elongation by 2.7%, reduction in area by 7.2%
and deflection at yield by 0.025 mm, when compared with the conventional
heat treatment. While CVN energy, ultimate tensile strength, FIE and FPE

remained essentially unchanged, all other properties showed even better

improvement. Fracture toughness improved by 45.1 MNm_BKZ, K by

Id
=3/2 p -2 .
15.9 MNm , and apparent yield strength by 405.8 MNm ~. The modified

: i : -2
high temperature heat treatment improved yield strength by 22 MNm ~, ap-

parent yield strength by 237.7 MNm_z, elongation by 2.9%, reduction in

by 13.7 MNm /2, CUN energy by 7.5 Nm, FIE by 7.2 Nm,

deflection at yield by 0.203 mm, and Kld by 31.7 MNmF3/2, when compared

area by 13.97%, Ko
with the high temperature heat treatment. Ultimate tensile strength and
FPE remained virtually unaffected. While the high temperature heat treat-
ment improved the plane strain fracture toughness relative to the conven-
tional heat treatment at essentially the same strength levels, ductility
and impact properties exhibited a marked decrease.

However, the modified high temperature heat treatment, while improv-
ing KIC relative to the conventional heat treatment even more at the same
strength levels, . resulted in lesser drops in overall ductility and impact
properties (KId and apparent yield strength, in fact, improved). The
modified step heat treatment improved yield strength by 131.6 MNm_z, ap-
parent yield strength by 451.9 MNm_Z, reduction in area by 5.5%, KIC by

~3/2

23.1 MNm K., by 72.1 MNm_sz, impact toughness by 13.7 Nm, FIE by

3 Id
11.8 Nm, and deflection at yield by 0.353 mm. All other properties re-

mained essentially unchanged. While the step heat treatment improved KIc
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and KId compared to the conventional heat treatment, significant reduc-
tions in other properties resulted. In the case of the modified step
heat treatment, both KIC and KId improved even more, and the loss in
other properties was less severe, while impact properties remained more
or less unchanged. Thus, the modified heat treatments improved the me-
chanical properties of the corresponding conventional, high temperature
and step heat treatments, and the reduction in some properties when com-

pared with the conventional heat treatment was also less severe than for

the high temperature or step heat treatments.

4.1.4. Stress Corrosion Cracking Properties.

4.1.4.1, Threshold Stress Intensity. The threshold stress in-

tensity (Klscc) values, below which hydrogen assisted cracking did not
occur, are listed in Table 4-7. These values were obtained using bolt
loaded DCB specimens. For the purposes of stress corrosion cracking
studies, only one modified heat treatment was chosen, viz., the modified
conventional heat treatment. As seen from Table 4-7, the high temper-
ature and step heat treatments resulted in almost identical K

-3/2 = ; :
/ and 21.2 MNm 3}2, respectively. For conventional heat treat-

3/2

values
Iscce ’

21.5 MNm

In the case of the modified conven-

tional heat treatment, the KISCC value was 35.4 MNm_sz, double that of

ment, the value was 17.0 MNm

the conventional heat treatment.
Ritchie et al. [27] and Cedeno [28] reported a value of 18.6 MNm_3l2
for 300M steel austenitized at 870°C and tempered at 300°C for 1 hr, which

is close to the value obtained in this investigation for the conventional

heat treatment. This value also agrees well with the Klscc value



TABLE 4-7
THRESHOLD STRESS INTENSITY VALUES

Threshold stress

Heat Specimen Intensity
Treatment 4 (Ksi/in) (MNm~—3/2)
BD 23 15: 3 16.8
Conventional BD 24 15.7 17 .3
Mean L5.5 17.1
High BD 21 19..4 i3
Temperature BD 22 19.7 21.7
Mean 19.6 21,5
BD 25 19.4 21273
Step BD 26 19.1 21.0
Mean 19.3 21.2
Modified BD 33 328 36.0
Conventional BD 34 31.6 34.7

Mean 32.2 35.4
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reported by Carter [29] and by Speidel [30] for 4340 steel modified
with 1.5 wt.% Si, and Mostovoy et al. [31] for 300M steel. However,
McDarmaid [17] reported a much lower value of 11.5 1“11\11.11_3;2 for 300M
steel quenched and tempered at 320°C, irrespective of austenitization
temperature, that is, independent of prior austenite grain size, a con-
clusion similar to that of Proctor and Paxton [26] who studied stress
corrosion behavior for 4340 steel. Contrary to this, Carter [29],
Lessar and Gerberich [32] and Dilip Kumar [33] all observed an increase
in KIscc with an increase in prior austenite grain size. In this study,
except in the case of the modified heat treatment, for the other heat
treatments, an increase in K was observed with increasing prior aus-

Iscc

tenite grain size.

4.1.4.2. Crack Growth Analysis. Crack extension as a func-

tion of time for conventional, high temperature, step and modified con-
ventional heat treatments are presented in Figure 4-11. As seen from
this figure, an initial fast crack growth, followed by a steady state
crack growth and a final fast crack growth at the onset of failure or
crack instability were observed in all cases. The initial and final
growth regions were, however, limited to very small time intervals and
the steady growth region encompassed almost the entire test time. In
order to make meaningful comparisons and to understand the stress corro-
sion cracking phenomenon better for each heat treatment, it was necessary
to present these results in several forms. Crack growth rates [log (da/
dt)] as a function of instantaneous stress intensity (KI) values are

given in Figures 4-12 through 4-15 for conventional, high temperature,
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Figure 4-11: CRACK LENGTH VS. TIME CURVES FOR DIFFERENT
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APPLIED STRESS INTENSITY, Ky (MPaVm)
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step and modified conventional heat treatments, respectively. It is a
standard practice to represent stress corrosion data in this form

[log (da/dt) vs K_] [33-37]. All these curves exhibited three distinct

I
regions as depicted in Figure 4-16 for a typical case. The crack veloc-
ity increased exponentially with stress intensity in region I, remained
constant with KI in region II (plateau region) and increased again with
KI in region III. Time to failure tests are not suitable for mechanistic
studies, because failure time may encompass all these three regions as
well as the initiation period and supercritical crack growth. Hence,

log (da/dt) vs K_ studies were conducted in this investigation. Since

I
regions I and III occupy only small time intervals, sometimes these
regions were not well defined (Figures 4-13 and 4-14). Also, similar to
the observations of Gerberich et al. [42] and Carter [43], in stage ITI,
except in the case of modified conventional heat treatment, the crack
velocity actually decreased slightly with stress intensity. The crack
velocities for all heat treatments are compared in Figure 4-17 and in
Table 4-8 as a function of stress intensity. The lowest stage II growth
rate was obtained with modified conventional heat treatment (5.18 x 10_5
cm/sec) followed by conventional heat treatment (1.11 x 10_4 cm/sec),
step (1.68 x 10_4 cm/sec) and high temperature (1.70 x 10_4 cm/sec)

heat treatments. Thus, it is seen that the stage II velocity is di-
rectly dependent upon the reciprocal of prior austenite grain size with
the finest grain sized material yielding the lowest crack growth rate.

Although this conclusion is in agreement with the results reported by

other investigators [26,33] for 4340 steels, Lessar and Gerberich [32]
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TABLT. 4-8.

STRESS CORROSION CRACKING PROPERTIES

Stage 11 Crack

Plane Strain Threshold Stress Ky : 5
Fracture Toughness Intensit ** Velocity Total - Time
Heat ) y KIC+KIscc gﬂ to
Treatment *Specimen # KIC Klscc & at )i q Failure

3/2

(Reivim) (" 2/2) (kuivim) (e 22

3/2

) (Ksiin)  (MNm~ ) (xlO-Sin/svc](xlO-scmfsvc) (hr:min)

BC189,BC190

Conventional BC226,BC241 50.9 55.9 15.5 17.1 33.2 36.5 4.37 11.10 6:40
BD23, BD24
BC187,BCLES
High BC229,BC230
Temperature BD21, BD22 83.0 91.2 19.6 21.5 o s 56.4 6.68 17.80 3:20

BC185,BC186

Step BC232,BC235 71.8 78.9 19.3 21.2 45.6 50.1 6.62 17.00 3115
BD25, BD26
Modified BC197,BC127
Conventional BC211,BC212 92.3 101.5 32.2 35.4 62.3 68.5 2.04 5.18 12:30
BD33, BD34

*Code: BC = Compact Tension Specimens
BD = Double Cantilever Beam Specimens

**(ﬂﬂ) Determined at KH
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reported an opposite effect of prior austenite grain size on stage II
crack velocity for 4340 steels. However, in their comparison, the yield
strength varied widely with grain size unlike in this investigation and
the lower growth rates could have been a result of this lowered yield
strength for coarser grains. The log (da/dt) vs KI curves were drawn
using regression analyses. The actual curves, in stage II, exhibited
several peaks and valleys, as illustrated in Figure 4-18 for the high
temperature heat treatment. Also, as seen from Figure 4-18, the peaks
and valleys decreased in amplitude with increasing stress intensity.

Such intermittent slow and fast growth regions have also been reported

by other investigators [42, 44] for similar high strength steels.

4.1.5. Acoustic Emission Analysis. During stress corrosion crack-

ing tests, both cumulative counts and events were continuously monitored.
Cumulative counts vs time and cumulative events vs. time data are pre-
sented in Figures 4-19 and 4-20 for all the heat treatments. In all
cases, the increase in counts or events with time was almﬁst exponential,
except for the modified conventional heat treatment, where the increase
was constant. Also, for the same heat treatment, the change in counts
with time followed exactly the same trend as the change in events with
time. The maximum number of counts and events were obtained for the step
heat treatment followed by high temperature, conventional and modified
conventional heat treatments in decreasing order. This was consistent
with the decreasing prior austenite grain size obtained for these res-
pective heat treatments. In Figures 4-21 and 4-22, counts vs. crack

length and events vs. crack length data are presented for all heat
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treatments. The trends in these data were exactly similar to the trend
in the counts or events vs. time data, viz., the increase 1n counts or
events with crack length was exponential except for modified conventional
heat treatment where the increase was linear, for a given heat treatment.
Also, the change in counts or events with respect to crack length was
identical and the number of counts or events obtained was proportional to
the prior austenite grain size. Since the change in counts and events
with respect to either time or crack length was identical, crack exten-
sion with respect to time should be almost linear, and from the a vs t
diagrams (Figure 4-11), except for the initial and final regions of ac-
celerated growth (which are limited to small intervals of time), the
change in crack length with time was nearly linear. Also, since the
change in counts or events with respect to time or crack length was
identical, a plot of counts vs. events was also expected to be linear.
This was confirmed in Figure 4-23.

The slopes of the a vs. t curves and counts vs events curves were
also evaluated. da/dt was determined at the midregion of the a vs t
curves to represent stage II crack growth rates. For conventional, high
temperature, step and modified conventional heat treatments, the da/dt
values obtained were respectively 8.46 x 10_5 cm/sec, 1.82 x 10_4 cm/sec,
1.69 x 10_4 cm/sec, and 6.38 x 10_5 cm/sec. These values were close to
the stage II crack growth rates determined from the log (da/dt) vs KI
curves. The dc/de values, determined from the center of counts vs,
events curves for these heat treatments, were 14.21, 23.13, 23.03, and

4.88, respectively. It is apparent that dc/de was related to both the

prior austenite grain size and the crack growth rate.
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The counts rate and the events rate with respect to both time and
crack extension, viz., dc/dt, de/dt, dc/da and de/da were plotted
as a function of instantaneous stress intensity, in order to better ana-
lyze the different parameters. These results are presented in Figures
4-24 to 4-27. From Figure 4-24, it is seen that the counts rate in-

creased continuously with K_ and also with respect to prior austenite

I
grain size. The de/dt VS.KI curves of Figure 4-25 also show the same de-

pendence on both K_ and prior austenite grain size. In addition, there

I
was a one-to-one correspondence between the counts and events rates.
Identical results were obtained with dc/da and de/da vs. KI curves
(Figures 4-26 and 4-27). 1In addition, these curves exhibited a steady
state region, corresponding to stage II region, where the rate of change
of counts and events with respect to t or a was constant with KI' An
initial and final fast rate region, corresponding to stages I and III,
respectively, were also observed in some cases. Extrapolation of these
curves to zero rate coincided with the threshold stress intensity for
any heat treatment.

Since the number of threshold counts per event for a given trans-
ducer depends on the energy released, these data were also analyzed.
Figure 4-28 is a plot of dc/de vs KI for all the heat treatments. The
shape of these curves was similar to the typical stress corrosion crack
velocity curves [log (da/dt) vs. KI]. Three regions, corresponding to
stages I, II and III, were readily apparent. The extrapolation of

stage I to zero counts/event coincided with the threshold stress in-

tensity for that particular heat treatment. The stage II value of dc/de
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was dependent on the stage II crack growth rate and also on the prior
austenite grain size, with higher crack growth rates and coarser grains
yielding higher counts per event. Stage II dc/de values were also the
same as those determined from the counts vs, events diagrams of Figure
4-23. The actual stage II dc/de values [(dcide)II] were evaluated from
these curves as 16.21, 22.51, 23.82 and 6.27, respectively, for conven-

tional, high temperature, step and modified conventional heat treatments.

4.1.6. Summary: Mechanical Properties.

1. When compared with conventional heat treatment, the high tem-
perature heat treatment improved the plane strain fracture toughness
markedly at similar strength levels. However, impact properties and
ductility showed a pronounced drop.

2. Step heat treatment also resulted in higher ch as well as KId’
but all other properties including yield strength and ultimate tensile
strength decreased.

3, Cyclic heat treatment improved strength, ductility and impact
properties, but fracture toughness decreased.

4, Modified heat treatments improved all mechanical properties when
compared with the corresponding conventional, high temperature and step
heat treatments.

5 When compared with conventional heat treatment, modified high
temperature and modified step heat treatments improved fracture toughness
even more than the corresponding high temperature and step heat treat-

ments, while other properties showed lesser or no drop. The modified
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conventional heat treatment, on the other hand, improved all the
properties.

6. The threshold stress intensity (KIscc) values of high tempera-
ture and step heat treatments were identical and higher than for the con-
ventional heat treatment.

7 KIscc of the modified conventional heat treatment was substan-
tially higher than for all other heat treatments.

8. In region II, the average crack growth rate decreased slightly
with stress intensity and the actual growth rate exhibited several sharp
peaks and valleys, whose amplitudes decreased with increasing KI'

9. State II crack growth rates were highest for high temperature
and step heat treatments and lowest for modified conventional heat treat-
ment with conventional heat treatment yielding an intermediate value.

10. The crack extension vs time diagrams were almost linear, except
for an initial and a final short region of fast extemsion. The slope of
the a vs, t diagrams, evaluated at the mid-region, was indicative of
stage II crack growth rate.

1L, The number of threshold counts and cumulative events increased
continuously with respect to both time and crack length.

12, The maximum number of counts and events were obtained for step
heat treatment, followed by high temperature, conventional and modified
conventional heat treatments, respectively.

13. The counts per event with respect to K, curves showed a re-

markable similarity to the stress corrosion curves, with three distinct

regions, corresponding to stages I, II and III. The number of counts per
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event was highest for step and high temperature heat treatments, followed
by conventional and modified conventional heat treatments. Counts and
events rate with respect to both time and crack extension increased con-
tinuously with respect to applied stress intensity, with the maximum
rates obtained for step and high temperature heat treatments, followed

by conventional and modified conventional heat treatments. In general,
the counts and events rate curves exhibited three regions, similar to the
stress corrosion crack velocity curves, with a pronounced steady state
region, corresponding to stage II region.

14. The dc/de value corresponding to stage II was dependent upon
da/dt, with high temperature and step heat treatments yielding the maxi-
mum value, followed by conventional and modified conventional heat treat-
ments.

15. The extrapolation of the counts and events rates and the counts
per event curves to zero rate coincided with threshold stress intensity
values.

16. With respect to a given parameter, the change in cumulative
counts or counts rate exhibited a one-to-one correspondence with the

change in events or events rate.
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4.2. Microstructure

4.2.1. Optical Microscopy. The prior austenite grain sizes of

300M steel, under various heat treated conditions, are presented in
Figure 4-29 and the actual grain size values measured from these micro-
graphs are listed in Table 4-9. High temperature and step heat treat-
ments resulted in an order of magnitude higher grain size (220 um) com-
pared with conventional heat treatment (20 um), whereas cyclic heat
treatment refined the grains considerably (10 um). All the modified

heat treatments resulted in finer grains when compared with the non-
modified heat treatments--the modified conventional, modified high tem-
perature and modified step heat treatments resulting in grain sizes of

15 ym, 80 um, and 80 um, respectively. In the case of high temperature
and step heat treatments, the grain sizes were observed directly after
polishing and etching, while for all the other heat treatments, temper
embrittling was necessary to highlight the grain boundaries. Thus, grain
refinement occurred in cyclic and modified heat treatments, and the ex-
tent of refinement increased with the number of cycles between austenite
and martensite phases. This is consistent with the observations of other
investigators [24-26, 46].

Polished and etched specimens subjected to conventional, high tem-
perature and step heat treatments were also examined at high magnifica-
tions. As seen in Figure 4-30, a distinctive etching (usually dark)
constituent was often observed at the prior austenite grain boundaries.
Similar dark etching phases were also observed by other investigators [1,

3,5,8,14] for many steels. However, this phase was noted only for high



Figure 4-29:

OPTICAL MICROGRAPHS COMPARING PRIOR AUSTENITIC
GRAIN SIZES OF (a) CONVENTIONAL, (b) cCYCLIC,
(c) MODIFIED CONVENTIONAL, (d) HIGH TEMPERATURE,

(e) STEP, (f) MODIFIED HIGH TEMPERATURE, AND
(g) MODIFIED STEP HEAT TREATMENTS.



TABLE 4-9

PRIOR AUSTENITIC GRAIN SIZE OF 300M
STEEL UNDER DIFFERENT HEAT TREATED

CONDITIONS.

Heat Treatment

Conventional
(870°C/280°C)

Cyelic
(870°C/850°C/280°C)
(4 cycles)

High Temperature
(1200°C/280°C)

Step
(1200°C/870°C/280°C)

Modified Conventional
(870°Cc/650°C/850°C/280°C)

Modified High Temperature
(1200°C/650°C/850°C/280°C)

Modified Step

(1200°Cc/870°C/650°C/850°C/280°C)

Grain Size

20 (+ 2)
10 (+ 2)
220 (+20)
220 (+20)
15 (+ 2)
80 (+10)
80 (+10)

(um)

82
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OPTICAL MICROGRAPHS SHOWING GRAIN

Figure 4-30:

(a) CONVENTIONAL,
STEP HEAT

HIGH TEMPERATURE AND (c)

BOUNDARY CONSTITUENT IN
TREATMENTS.

(b)
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temperature heat treatment in 300M steel. It was suggested by these
investigators that this dark etching phase was bainite or other non-
martensitic product. The examination of this phase by methods other
than optical microscopy was carried out to positively identify this

phase and these results are presented in the next sections.

4.2.2. Scanning Electron Microscopy. Polished and etched specimens

(with a heavier etch than for optical microscopy) subjected to conven-
tional, high temperature and step heat treatments, were observed in SEM.
From the low magnification pictures of Figure 4-31, the basic difference
in the general martensitic structure of the high temperature and step
heat treatments on the one hand and the conventional heat treatment on
the other was immediately seen. The conventional heat treatment pro-
duced more lenticular, platelike martensite, whereas the high temperature
and step heat treatments resulted in lathlike martensite. This is dis-
cussed in Section 4.2.3.1. The grain boundary phase initially observed
by optical microscopy (Section 4.2.1.) was visible. These SEM pictures
confirmed that this grain boundary constituent (ranging in size from 1 um
to 10 um) occurred irrespective of the austenitization temperature in
both coarse and fine grained material unlike the observations of earlier
investigators [1,3,5,8,14]. Additionally, the high magnification pic-
tures of this phase (Figure 4-32) revealed the presence of parallel rows
of wavy particles, probably iron carbide, inclined at an angle of almost
55° to the boundary (long axis) of the phase. Attempts to establish the
composition of these carbides through energy dispersive analysis proved

futile, since the particle size was less than 1 um. Since the



Figure 4-31:
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SEM MICROGRAPHS SHOWING THE STRUCTURE OF

(a) CONVENTIONAL, (b) HIGH TEMPERATURE AND
(c) STEP HEAT TREATMENTS. THE GRAIN BOUNDARY
CONSTITUENT IS ALSO SEEN IN ALL CASES.



Figure 4-32: SEM MICROGRAPHS SHOWING CARBIDE PRECIPITATION
WITHIN GRAIN BOUNDARY CONSTITUENT IN

(a) CONVENTIONAL, (b) STEP AND (c) HIGH
TEMPERATURE HEAT TREATMENTS.
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arrangement of carbides within this phase resembled the characteristic
lower bainite feature [48-53] and since the quenching rate obtained in
these steels was believed to be sufficient to prevent any bainitic for-
mation, this phase was studied further through TEM and these results are
presented in Section 4.2.3.5.

The modified heat treatments were also studied by SEM. The grain
boundary phases seen in Figures 4-31 and 4-32 for the other heat treat-
ments were also seen in these heat treatments (Figure 4-33). However,
the particle morphology varied within these phases. 1In addition to
wavy particles arranged along parallel rows at an angle of 55° to the
longitudinal axis of these phases, a random distribution of spheroidal
particles within these phases (the dark spots seen in Figure 4-33 are not
to be confused with etch pits) was visible. In the inverse contrast mode,
the topology is also reversed and, hence, the true topology was studied
under normal contrast mode. Identification of these carbides by energy
dispersive analysis was again not possible due to their size. Hence, a
conventionally heat treated specimen was further tempered at 650°C for
1 hour and quenched directly to room temperature, without reaustenitizing
at 850°C for short times as in the case of modified conventional heat
treatment. The nature of the carbides precipitated at 650°C in this heat
treatment should be the same as in the case of the modified conventional
heat treatment, except that the size of these carbides will be much
coarser. Figure 4-34 shows these carbides in both normal and inverse
contrast modes. Although these carbides were much coarser than those

shown in Figure 4-33, for the modified heat treatments, these were still



Figure 4-33:

SEM MICROGRAPHS SHOWING RANDOM DISTRIBUTION
OF CARBIDES IN (a) and (b) MODIFIED CONVEN-
TIONAL, (c) AND (d) MODIFIED HIGH TEMPERATURE
AND (e) AND (f) MODIFIED STEP HEAT TREATMENTS.

NOTE: (a), (c) AND (e) UNDER INVERSE AND
(b), (d) AND (f) UNDER NORMAL CONTRAST

MODES.
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Figure 4-34: SEM MICROGRPAHS SHOWING EXTENSIVE CARBIDE
PRECIPITATION IN A SPECIMEN QUENCHED DIRECTLY
TO ROOM TEMPERATURE AFTER INTERMEDIATE
TEMPERING STEP.
NOTE: (a) INVERSE AND (b) NORMAL CONTRAST
MODES.
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not coarse enough to yield sufficient electron counts for energy dis-
persive analysis. Hence, the modified heat treated specimens were ex-

amined under TEM.

4.2.3. Transmission Electron Microscopy-

4.2.3.1. General Microstructure. TEM studies were carried

out for all heat treatments and the results are presented in these
sections.

The microstructure obtained as a result of conventional heat treat-
ment 1s typified in the bright field picture of Figure 4-35a. It con-
sisted of both lath and plate type martensite, with the amount of plate
martensite predominating. Internal faults like twins and dislocations
were extensively present and the martensite plates or laths in many in-
stances extended across the whole grain. The average lath width was
0.3 pm.

The microstructure of cyclic heat treatment is indicated in Figure
4-35b. All the observations made for the conventional heat treatment
apply in this case, too. Both types of martensite (with plate martensite
predominating) were seen and twins and dislocations were also extensively
present. In many instances, the plate or lath extended across the whole
grain. The average lath width in this case was 0.25 um.

Figure 4-35c shows the microstructure of high temperature heat treat-
ment, and although both types of martensite were seen, the amount of lath
martensite predominated. While dislocations and twins were still present,

twins were seen only very occasionally. Also, the lath or plate rarely



Figure 4-35:

BRIGHT FIELD TEM MICROGRAPHS SHOWING
PREDOMINANTLY PLATE MARTENSITE FOR

(a) CONVENTIONAL AND (b) CYCLIC HEAT
TREATMENTS AND PREDOMINANTLY LATH

MARTENSITE FOR (c) HIGH TEMPERATURE

AND (d) STEP HEAT TREATMENTS. TWINNED
REGIONS CAN BE IDENTIFIED IN (a), (b) and (c).



Figure 4-36: BRIGHT FIELD MICROGRAPHS SHOWING PREDOMINANTLY
LATE MARTENSITE FOR (a) MODIFIED CONVENTIONAL,
(b) MODIFIED HIGH TEMPERATURE AND (c) MODIFIED
STEP HEAT TREATMENTS.



94.°

Figure 4-37: BRIGHT FIELD TEM MICROGRAPHS SHOWING
EXTENSIVE TWINNING IN PLATE MARTENSITIC
REGIONS OF (a) AND (b) CYCLIC HEAT TREAT-
MENT AND LIMITED MICROTWINNING WITHIN LATHS
OF (c) AND (d) HIGH TEMPERATURE HEAT TREAT-

MENTS.
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in a twin-related fashion. The predominant orientations were <100> and
<111>, although <113> and <110> zone axes were also regularly observed.
Three basic lath morphologies were observed, viz., convergent, parallel
and large laths. Figure 4-38a shows a typical convergent lath morphol-
ogy, wherein the laths merged together along curved boundaries. Regular
parallel laths are shown in Figure 4-38b. These laths were usually
separated along planar boundaries. Figure 4-38c is an example of large
laths, containing extensive carbide precipitation within, which suggests
that these laths were formed in the early stages of the austenite to
martensite transformation.

As noted earlier, microtwins within laths were also reported by
other investigators [54-57] in plain carbon and alloy steels. Law et al.
[57] as well as Chilton et al. [58] also noted the occurrence of differ-
ent lath morphologies, similar to the observations in the present inves-
tigation. Law et al., [57] utilized dark field imaging to eliminate
sectioning effects as the reason for variation in lath morphology. Rao
et al. [59] reported that laths of martensite occur predominantly in
juxtaposition to <100> and <111> orientations. This is consistent with

the observations of this investigation.

4.2.3.2. Effect of Heat Treatment on Twinning. Figures 4-39

to 4-41 show typically twinned regions for 300M steel subjected to con-
ventional, cyclic and high temperature and step heat treatments, respec-
tively. Twins occurred along {112} planes, which is the case for bcc
structures [67-71]. The dark field pictures obtained using {110} type

twin spots highlighted these twins clearly. The maximum amount of



Figure 4-38:

BRIGHT FIELD TEM MICROGRAPHS REPRESENTING
(a) CONVERGENT LATHS (MODIFIED CONVENTIONAL

HEAT TREATMENT, (b) PARALLEL LATHS (MODIFIED
STEP HEAT TREATMENT AND (c) LARGE LATHS

(MODIFIED HIGH TEMPERATURE HEAT TREATMENT).

96.
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Figure 4-39: (a) BRIGHT FIELD TEM MICROGRAPH SHOWING A
TWINNED REGION IN A CONVENTIONALLY HEAT TREATED
SPECIMEN AND (b) DARK FIELD IMAGE USING (011)
TWIN SPOT, HIGHLIGHTING THE TWINS. S.A.D.
PATTERN WAS SIMILAR TO THE ONE IN FIGURE 4-40.



98.

Figure 4-40:
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(a) BRIGHT FIELD TEM MICROGRAPH SHOWING A
TWINNED REGION IN A CYCLICALLY HEAT TREATED
STEEL, (b) DARK FIELD IMAGE USING (0ll) TYPE
TWIN SPOT, (c) SELECTED AREA DIFFRACTION PAT-
TERN FROM THE TWINNED REGION AND (d) INTERPRE-
TATION OF THE S.A.D. PATTERN.
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Figure 4-41:

TEM BRIGHT FIELD MICROGRAPHS (a) AND (b) SHOWING
TWINNED REGIONS IN HIGH TEMPERATURE AND STEP
HEAT TREATMENTS RESPECTIVELY. DARK FIELD IMAGES
(c) AND (d) HIGHLIGHT THE TWINS IN (b) AND WERE
OBTAINED USING (0l1l1) AND (200) TYPE TWIN SPOTS
;S&giD. PATTERN WAS SIMILAR TO THE ONE IN FIGURE
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twinning was observed in the case of conventional and cyclic heat treat-
ments and the high temperature heat treatment contained very few twinned
regions. The step heat treatment resulted in more twins than the high
temperature heat treatment, and all the modified heat treatments produced
very few, if any, twins and a rare twinned region is shown in Figure 4-42
for modified conventional heat treatment.

The above results are, in general, consistent with the observations
of earlier investigators. Increased amounts of lath martensite and re-
duced twinning with increasing austenitization temperatures were reported
for 4340 and 300M steels [4,7,17,19]. On the other hand, Carlson et al.
[60] reported increased twinning with increased austenitization temper-—
ature, due to greater carbon dissolution. While dissolution of carbon
should lower Ms temperature, an increase in MS temperature was reported
for many steels, including low alloy steels, with increasing austenitiza-
tion temperatures [4,61-64], which should decrease the tendency for forma-
tion of twins [65]. This was, in fact, confirmed in this investigation,
where an increase in austenitization temperature resulted in decreased
twin density. Lai et al. [4] also reported that plate martensite ob-
tained from high temperature heat treatment was twin free. However, in
this investigation, twinned plate martensite was occasionally observed
(Figure 4-41). The observed decrease in twinning with increasing austen-
itization temperature is also consistent with segregation effects in
these steels. It was reported that higher austenitization temperatures
reduce segregation and increase homogeneity of steel [1,2,5,54,66].

The change in stacking fault energy with local variations of alloying and
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Figure 4-42: (a) BRIGHT FIELD TEM MICROGRAPH SHOWING A
TWINNED REGION IN MODIFIED CONVENTIONAL HEAT
TREATMENT AND (b) DARK FIELD IMAGE USING (011)
TYPE TWIN SPOT HIGHLIGHTING THE TWINS (S.A.D.
PATTERN WAS SIMILAR TO THE ONE IN FIGURE 4-40).



102.

impurity elements was shown to have an effect on twin density by Khan

and Wood [18], who found an increase in twin density in step heat treat-
ments, the amount depending upon both intermediate holding temperatures
and holding times at these temperatures. This was also confirmed in this

investigation where twin density increased by step cooling the steel.

4.2.3.3. Effect of Heat Treatment on Retained Austenite.

All heat treatments resulted in some predominantly interlath films
of retained austenite, although retained austenite was also seen occa-
sionally at prior austenite grain boundaries and packet boundaries. The
amount of retained austenite depended upon austenitization temperature,
with high temperature and step heat treatments resulting in more retained
austenite than conventional heat treatment. Cyclic heat treatment pro-
duced more retained austenite than conventional heat treatment. However,
all modified heat treatments resulted in increased amounts of retained
austenite when compared with the ocrresponding non-modified heat treat-
ments. The modified conventional heat treatment produced less retained
austenite than the modified step and modified high temperature heat
treatments.

Figures 4-43 to 4-49 show mostly interlath films of retained aus-
tenite, ranging in thickness between 100 A& and 200 A, for conventional,
cyclic, high temperature, step, modified conventional, modified high tem-
perature and modified step heat treatments, respectively. Dark field
pictures revealed the retained austenite morphology and were all taken
using {002} or {111} type retained austenite spots. Films of retained

austenite at packet and prior austenite grain boundaries were also
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Figure 4-43: (a) BRIGHT FIELD TEM MICROGRAPH SHOWING A PRE-
DOMINANTLY LATH MARTENSITIC REGION IN A
CONVENTIONALLY HEAT TREATED SPECIMEN, (b) DARK
FIELD IMAGE HIGHLIGHTING RETAINED AUSTENITE,
PRESENT MOSTLY AS INTERLATH FILMS [(200), SPOT
WAS USED], (c)S.A.D. PATTERN FROM (a) & (d) INTER-
PRETATION OF (c), SHOWING TWO AUSTENITE AND MAR-
TENSITE ORIENTATIONS. BOTH K-S & N-W RELATION-
SHIPS ARE OBSERVED - VIZ., (011}a,]]{111Lrand

[Ill]u, | {110]Y (K-S) AND [001] , I [101]Y (N-W) .
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Figure 4-44: (a) BRIGHT FIELD TEM MICROGRAPH SHOWING A
PREDOMINANTLY LATH MARTENSITIC REGION IN A
CYCLICALLY HEAT TREATED SPECIMEN, (b) DARK
FIELD IMAGE, USING (002).Y SPOT, HIGHLIGHTING
INTERLATH AND SOME GRAIN BOUNDARY RETAINED
AUSTENITE, (c) S.A.D. PATTERN FROM (a) AND (d)
INTERPRETATION OF (c). BOTH K-S AND N-W RE-
LATIONSHIPS ARE OBSERVED.
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(a) BRIGHT FIELD TEM MICROGRAPH SHOWING
PACKETS OF LATH MARTENSITE IN A SPECIMEN
SUBJECTED TO HIGH TEMPERATURE HEAT TREAT-
MENT AND (b) DARK FIELD IMAGE USING (002)
TYPE AUSTENITE SPOT HIGHLIGHTING INTERLATH
FILMS OF RETAINED AUSTENITE. SOME PACKET
BOUNDARY RETAINED AUSTENITE IS ALSO SEEN
(S.A.D. PATTERN WAS SIMILAR TO THAT IN

FIGURE 4-43).

Figure 4-45:
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Figure 4-46: (a) BRIGHT FIELD TEM MICROGRAPH SHOWING
PACKETS OF LATH MARTENSITE IN A SPECIMEN
SUBJECTED TO STEP HEAT TREATMENT AND
(b) DARK FIELD IMAGE USING (002) TYPE
AUSTENITE SPOT HIGHLIGHTING INTERLATH
FILMS OF RETAINED AUSTENITE. SOME PACKET
BOUNDARY RETAINED AUSTENITE IS ALSO SEEN
(S.A.D. PATTERN WAS SIMILAR TO THAT IN

FIGURE 4-43).
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Figure 4-47: (a) BRIGHT FIELD TEM MICROGRAPH SHOWING
PACKETS OF LATH MARTENSITE IN A SPECIMEN
SUBJECTED TO MODIFIED CONVENTIONAL HEAT
TREATMENT AND (b) DARK FIELD IMAGE HIGH-
LIGHTING INTERLATH AND PACKET BOUNDARY
RETAINED AUSTENITE [(002) TYPE AUSTENITE
SPOT WAS USED]. S.A.D. PATTERN WAS SIMILAR
TO THE ONE IN FIGURE 4-43.
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(a) COMPOSITE BRIGHT FIELD TEM MICROGRAPHS
SHOWING AN EXTENSIVE LATH MARTENSITIC REGION
IN A SPECIMEN SUBJECTED TO MODIFIED HIGH
TEMPERATURE HEAT TREATMENT AND (b) DARK
FIELD IMAGE, USING (1l1l1) TYPE AUSTENITE
SPOT, HIGHLIGHTING INTERLATH FILMS OF RE-

Figure 4-48:

TAINED AUSTENITE. S.A.D. PATTERN WAS SIMILAR
TO THE ONE IN FIGURE 4-44.
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Figure 4-49:

(a) BRIGHT FIELD TEM MICROGRAPH SHOWING

AN EXTENSIVE LATH MARTENSITIC REGION IN

A SPECIMEN SUBJECTED TO MODIFIED STEP HEAT
TREATMENT AND (b) DARK FIELD IMAGE USING

(002) TYPE AUSTENITE SPOT, HIGHLIGHTING INTER-
LATH FILMS AND PACKET BOUNDARY RETAINED
AUSTENITE. S.A.D. PATTERN WAS SIMILAR TO THE

ONE IN FIGURE 4-44.
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evident in some micrographs. Interlath austenite films were present ir-
respective of whether the laths were regular, large, or convergent.

These micrographs were representative of the amounts of retained
austenite obtained due to the various heat treatments. Based on such
extensive examination of many samples for each heat treatment, qualita-
tive estimates of retained austenite amounts were made and the results
are summarized in Table 4-10. From Figures 4-43 to 4-49, it was also
clear that while conventional and cyclic heat treatments resulted in
discontinuous films of retained austenite, for all other heat treatments,
the films were more continuous around the laths, the degree of discon-
tinuity depending upon the amount of retained austenite. From the dif-
fraction patterns, it is also apparent that two basic orientation
relationships between austenite and martensite were obtained, satisfying
both the Kurdjumov-Sachs [72], viz., (Oli)a, I (1IEJY and [Ill]a, I [110]Y
and the Nishiyama-Wasserman relationships [73,74], viz., (OIE)Q, H (III)Y
and [OOI]Q‘ ” {101]Y. While K-S relationship was observed more fre-
quently, N-W relationship was observed only in conjunction with K-S re-
lationship.

While most estimates of retained austenite, based on qualitative
TEM studies, point to increased amounts of retained austenite with in-
creasing austenitization temperature [3-5,7,9,10,19], Ritchie and Horn
[20] did not observe any change in retained austenite amounts with aus-
tenitization temperatures for 4340 steel, which was the same conclusion
of Youngblood and Raghavan [16] in their work with 300M steel. While

McDarmaid [17] also did not observe any change in retained austenite
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Table 4-10

QUALITATIVE TEM ESTIMATES OF RETAINED AUSTENITE
AMOUNTS IN 300M STEEL UNDER DIFFERENT HEAT TREATED CONDITIONS

Heat Treatment Retained Austenite(%)

Conventional 3
[8T0°C/280°%C)

Cyelic 4
(870°C/850°C/280°C)
4 cycles

High Temperature 8
(1200°c/280°C)

Step 7
(1200°c/870°C/280°C)

Modified Conventional 6

(870°C/650°C/850°C/280°C)

Modified High Temperature 10
(1200°Cc/650°C/850°C/280°C)

Modified Step 10
(1200°C/870°C/650°C/850°C/280°C)
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amounts for 300M steel with austenitization temperatures, over the tem-
pering temperature range of 230°C-560°C, careful examination of his data
shows a difference of 3-47 between steels austenitized at 880°C and
1165°C and subsequently tempered at 230°C (conditions close to those
employed in this investigation). His data also showed an increase of
about 1-2% for cyclically heat treated steel. McDarmaid [17] and Khan
and Wood [18] also reported no difference in retained austenite amounts
between step and high temperature heat treatments, while in this study a
slight decrease was obtained for the step heat treatment when compared to
the high temperature heat treatment. A significant difference in re-
tained austenite amounts between conventional and high temperature heat
treatments was also noted in this study, as well as a small increase for
the cyclic heat treatment when compared with the conventional heat treat-
ment. The results of this study were based solely upon qualitative TEM
estimates and the stability of retained austenite upon subsequent loading
of samples was not considered.

Simultaneous observation of K-S and N-W orientation relationships
from within the same packet of martensite, between austenite and mar-
tensite was reported by many investigators [4,7,18,75-77] and also

noted in this investigation.

4.2.3.4. Effect of Heat Treatment on Carbides. All heat treat-

ments resulted in a mixture of predominantly cementite and small amounts
of €-carbide after tempering at 280°C. The €-carbide particles were con-
siderably coarser than cementite particles and mostly precipitated inside

large laths and on dislocations. Cementite particles, on the other hand,
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were precipitated inside laths or plates, at lath, plate, packet or grain
boundaries and on dislocations and twins. The precipitation of cementite
on twins, in particular, was an inverse function of austenitization tem-
perature. While the orientation between €-carbide and martensite was
mostly the Jack [78] relationship, between cementite and martensite
satisfied either the Bagaryatskii [79] or the Pitsch [80] relationships.
Bright field pictures of Figure 4-50 all showed characteristic, wavy,
€-carbide precipitation within large laths and on dislocations. These

carbides were typically 50 A to 100 A thick and about 1000 & to 1500 A

long and were precipitated usually along parallel rows at an angle to
the longitudinal axis of the ferrite. The small amount of these carbides
made obtaining diffraction patterns with €-carbide spots from these
regions extremely difficult. However, in a few instances, diffraction
patterns were obtained and the results are given in Figures 4-51 to 4-53
for conventional, high temperature and modified conventional heat treat-
ments. In all the cases, the diffraction pattern was the same as 1in
Figure 4-5lc. To determine the orientation relationships, the orienta-
tions determined from the diffraction pattern were plotted on a stereo-
graphic projection (Figure 4-54). From Figure 4-54, (0001)€ was
parallel to (OIl)a,, (1010)€ was parallel to (ZTI)G, and (1011)e was
only about 1° away from (101)a,. Also, [OOOI]E was parallel to [Oll]a,.
This was the same as the Jack orientation relationship [78] and the 1°
variation of (IOII)E and (IOI)Q, planes could be due to inaccuracies

in measurements. Dark field imaging for all these figures (Figures

4-51 to 4-53) was done using {lIOO}E type spots and the €-carbide



Figure 4-50:

BRIGHT FIELD TEM MICROGRAPHS SHOWING EXTENSIVE
€-CARBIDE PRECIPITATION WITHIN LARGE LATHS AND
ON DISLOCATIONS FOR (a) CONVENTIONAL, (b) CYCLIC,
(c) HIGH TEMPERATURE, (d) STEP, (e)MODIFIED

CONVENTIONAL, (f) MODIFIED HIGH TEMPERATURE AND
(g) MODIFIED STEP HEAT TREATMENTS.



Figure 4-51:
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O [0Ol1l]] MARTENSITE SPOT
® [00.1] €-CARBIDE SPOT

(a) BRIGHT FIELD TEM MICROGRAPH SHOWING €-

CARBIDE PRECIPITATES WITHIN A LARGE LATH IN A
CONVENTIONALLY HEAT TREATED SPECIMEN, (b) DARK
FIELD IMAGE, USING (1100)¢ SPOT, SHOWING €-
CARBIDE PRECIPITATION, (c) S.A.D. PATTERN FROM THE
LATH AND (d) INTERPRETATION OF (c). THE GROWTH
DIRECTION IS FOUND TO BE <112> AND WAS DETER-
MINED AS DESCRIBED IN SECTION 4.2.3.5.
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Figure 4-52:

BRIGHT FIELD TEM MICROGRAPH SHOWING €-
CARBIDE PRECIPITATES AND TWINS WITHIN A LARGE
LATH IN A STEEL SUBJECTED TO HIGH TEMPERATURE

(a)

HEAT TREATMENT, (b) &_(c) DARK FIELD IMAGES,
USING (1100)¢ AND (1010)¢ SPOTS RESPECTIVELY,

HIGHLIGHTING THE CARBIDE PRECIPITATES. S.A.D.
PATTERN WAS THE SAME AS IN FIGURE 4-51.



Figure 4-53:
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(a) BRIGHT FIELD TEM MICROGRAPH SHOWING €-
CARBIDE PRECIPITATES WITHIN A LARGE LATH IN

A SPECIMEN SUBJECTED TO MODIFIED CONVENTIONAL
HEAT TREATMENT AND (b) DARK FIELD IMAGE,

USING (1100)¢ SPOT, HIGHLIGHTING THE CARBIDE
PRECIPITATES. S.A.D. PATTERN WAS SIMILAR TO THE

ONE IN FIGURE 4-51.
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Figure 4-54: (a) SAD PATTERN FROM FIGURE 4-51, (b)INTERPRE-
TATION OF (a), WITH [011] MARTENSITE AND [0001]
€e-CARBIDE SPOTS INDEXED AND (c) STEREOGRAPHIC
PROJECTION REPRESENTING ORIENTATION RELATION-
SHIPS BETWEEN MARTENSITE AND €-CARBIDE. JACK
ORIENTATION RELATIONSHIP IS OBSERVED, VIZ.,

[011],+ || [0001]¢

(011)g+ || (0001),
(2I1)4 || (1010),

(101),. || (10TI0),
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O [113] TWIN RELATED MARTENSITE SPOT

e [120] CEMENTITE SPOT

(a) BRIGHT FIELD TEM MICROGRAPH SHOWING A LATH
MARTENSITIC REGION IN A CONVENTIONALLY HEAT
TREATED STEEL, (b) DARK FIELD IMAGE, USING
(002) Fe3;C SPOT, HIGHLIGHTING CEMENTITE PRE-

CIPITATES WITHIN THE LATHS, (c) S.A.D. PATTERN
FROM (a) AND (d) INTERPRETATION OF (c).

Figure 4-55:
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Figure 4-56: (a) BRIGHT FIELD TEM MICROGRAPH SHOWING A LATH
MARTENSITIC REGION IN A CYCLICALLY HEAT TREATED
SPECIMEN, (b) DARK FIELD IMAGE USING (002)F63C

SPOT HIGHLIGHTING CEMENTITE PRECIPITATION
WITHIN LATHS, AND TO SOME EXTENT AT LATH AND
PACKET BOUNDARIES, (c) S.A.D. PATTERN FROM (a)
AND (d) INTERPRETATION OF (c). BAGARYATSKII
RELATIONSHIP IS OBSERVED--VIZ., [01“::'” [100]FeBc

(211) .|l (001}Fe3C

(IIn) .|l (010)Fe3c
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Figure 4-57: (a) BRIGHT FIELD TEM MICROGRAPH SHOWING A LATH
MARTENSITIC REGION IN A SPECIMEN SUBJECTED TO
HIGH TEMPERATURE HEAT TREATMENT, (b) DARK FIELD

IMAGE USING (002)F93C SPOT HIGHLIGHTING CEMENTITE

PRECIPITATES WITHIN LATHS AND AT LATH BOUNDARIES,
(c) S.A.D. PATTERN FROM (a) AND (d) INTERPRETATION

OF S.A.D. PATTERN. BAGARYATSKII ORIENTATION RE-
LATIONSHIP IS OBSERVED.



Figure 4-58:
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(a) BRIGHT FIELD TEM MICROGRAPH SHOWING A LATH
MARTENSITIC REGION IN A SPECIMEN SUBJECTED TO
STEP HEAT TREATMENT AND (b) DARK FIELD IMAGE
USING (002}Fe c SPOT HIGHLIGHTING CEMENTITE

PRECIPITATION "WITHIN LATHS AND AT LATH BOUND-

ARIES. S.A.D. PATTERN WAS SIMILAR TO THE ONE
IN FIGURE 4-56.



Figure 4-59:
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N W
(a) BRIGHT FIELD TEM MICROGRAPH SHOWING A LATH
MARTENSITIC REGION IN A SPECIMEN SUBJECTED TO

MODIFIED CONVENTIONAL HEAT TREATMENT AND (b)
DARK FIELD IMAGE USING (002]F33c SPOT, HIGH-

LIGHTING CEMENTITE PRECIPITATION WITHIN LATHS
AND TO A LESSER EXTENT AT PACKET BOUNDARIES.
S.A.D. PATTERN WAS SIMILAR TO THE ONE IN
FIGURE 4-56.



Figure 4-60:
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(a) BRIGHT FIELD TEM MICROGRAPH SHOWING A LATH
MARTENSITIC REGION IN A SPECIMEN SUBJECTED TO
MODIFIED HIGH TEMPERATURE HEAT TREATMENT,

(b) DARK FIELD IMAGE USING (002)Fe c SPOT,
HIGHLIGHTING CEMENTITE PRECIPITATI&N WITHIN
LATHS, (c) S.A.D. PATTERN FROM (a)& (4d)

INTERPRETATION OF (c).
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Figure 4-61: (a) BRIGHT FIELD TEM MICROGRAPH SHOWING A LATH
MARTENSITIC REGION IN A SPECIMEN SUBJECTED TO
MODIFIED STEP HEAT TREATMENT, (b) DARK FIELD
IMAGE USING {002)Fe C SPOT, HIGHLIGHTING CEMEN-

TITE PRECIPITATION %ITHIN LATHS, (c) DARK FIELD
IMAGE USING (011),+ AND (022)Fe3c SPOT, HIGH-

LIGHTING CEMENTITE PRECIPITATES WITHIN [011]
MARTENSITE LATHS AND (d) DARK FIELD IMAGE USING
(200)p and (024}Fe C SPOT, HIGHLIGHTING CEMENTITE

PRECIPITATES WITHIa [011] TWIN RELATED MARTENSITE
LATHS. S.A.D. PATTERN WAS SIMILAR TO THE ONE IN
FIGURE 4-56.
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Figure 4-62: (a) BRIGHT FIELD TEM MICROGRAPH SHOWING A

TWINNED PLATE MARTENSITIC REGION IN A CONVEN-
TIONALLY HEAT TREATED STEEL, (b) DARK FIELD
IMAGE USING (002)F93C SPOT HIGHLIGHTING CEMEN-

TITE PRECIPITATION ON TWINS, (c) S.A.D. PATTERN
FROM (a) AND (d) INTERPRETATION OF S.A.D.

PATTERN.



Figure 4-63:
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BRIGHT FIELD TEM MICROGRAPH SHOWING A
TWINNED REGION IN A CONVENTIONALLY HEAT TREATED
STEEL, (b) DARK FIELD IMAGE USING (002)Fe3c

(a)

SPOT AND (c) DARK FIELD IMAGE USING (0201F83C

SPOT, HIGHLIGHTING CEMENTITE PRECIPITATION ON
TWINS. S.A.D. PATTERN WAS SIMILAR TO THE ONE IN

FIGURE 4-56.
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© [0I11] MARTENSITE SPOT
O [OI] TwiIN SPOT
e [I00] CEMENTITE SPOT

Figure 4-64: (a) BRIGHT FIELD TEM MICROGRAPH SHOWING
TWINNED REGION IN A CYCLICALLY HEAT TREA
STEEL, (b) DARK FIELD IMAGE USING (011l),. SPOT

HIGHLIGHTING THE TWINS, (c) & (d) DARK FIELD
IMAGES USING (002)pe,c AND (020)pe;c SPOTS

RESPECTIVELY, HIGHLIGHTING CEMENTITE PRECIPI-
TATION ON TWINS, (e) S.A.D. PATTERN FROM (a) AND
(f) INTERPRETATION OF (e). BAGARYATSKII
ORIENTATION RELATIONSHIP IS OBSERVED.

A
e
IgHE
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Figure 4-65:

(a) BRIGHT FIELD TEM MICROGRAPH SHOWING A
TWINNED REGION IN A SPECIMEN SUBJECTED TO STEP
HEAT TREATMENT, (b) & (c) DARK FIELD IMAGES,
USING (011) & (200) TYPE SPOTS, HIGHLIGHTING

THE TWINS IN (a) AND (d) & (e), DARK FIELD IMAGES
USING (022) AND (020) TYPE CEMENTITE SPOTS, HIGH-
LIGHTING THE PRECIPITATION OF CEMENTITE ON TWINS

(S.A.D. PATTERN WAS SIMILAR TO THE ONE IN
FIGURE 4-64).



Figure 4-66:
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(a) BRIGHT FIELD TEM MICROGRAPH SHOWING A
GENERAL REGION IN A CONVENTIONALLY HEAT TREATED
STEEL AND (b) DARK FIELD IMAGE USING (002)Fe3c

SPOT HIGHLIGHTING CEMENTITE PRECIPITATION AT
THE GRAIN BOUNDARY. S.A.D. PATTERN WAS THE

SAME AS IN FIGURE 4-64.



Figure 4-67:

132.

(a) BRIGHT FIELD TEM MICROGRAPH SHOWING A
GENERAL REGION IN A SPECIMEN SUBJECTED TO
MODIFIED HIGH TEMPERATURE HEAT TREATMENT AND
(b) DARK FIELD IMAGE USING (002)pe . SPOT,

HIGHLIGHTING CEMENTITE PRECIPITATION WITHIN
THE PACKET. S.A.D. PATTERN WAS SIMILAR TO

THE ONE IN FIGURE 4-60.



Figure 4-67:

132.

(a) BRIGHT FIELD TEM MICROGRAPH SHOWING A
GENERAL REGION IN A SPECIMEN SUBJECTED TO
MODIFIED HIGH TEMPERATURE HEAT TREATMENT AND

(b) DARK FIELD IMAGE USING (002)pe . SPOT,

HIGHLIGHTING CEMENTITE PRECIPITATION WITHIN
THE PACKET. S.A.D. PATTERN WAS SIMILAR TO

THE ONE IN FIGURE 4-60.
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Besides cementite, metal carbides were also observed in modified
heat treatments, although identification of these carbides was difficult
due to extra spots of very low intensity. Figure 4-68 shows a region in
the case of modified conventional heat treatment where cementite preci-
pitation occurred along twin boundaries. (Such twinned regions were very
rarely observed in modified heat treatments.) Additionally, the dark
field picture of Figure 4-68c was obtained using (TOIO)MOZC as indicated
in the diffraction pattern (Figure 4-68d). Figure 4-69 shows another re-
gion of the same specimen where [00.1]Mozc orientation was observed.

The dark field picture was obtained using {1010} type Mo.C spot. Cemen-

2
tite precipitation is also indicated in Figure 4-69b.

In many other regions, coarser spheroidal precipitates were also
observed, as shown in Figure 4-70a,b & ¢, for modified conventional, modi-
fied high temperature and modified step heat treatments, respectively.
However, identification of these precipitates was difficult, as extra
spots in the diffraction pattern were either not visible or were not in-
tense enough. Figure 4-70d is a bright field picture which shows these
carbides even more clearly in a specimen which was subjected to modified
conventional heat treatment, except that the final reaustenitization step
at 850°C and the final tempering step at 280°C were not employed. Even
in this sample, these particles could not be clearly identified. Hence,
extraction replication was carried out for these samples and for samples
subjected to modified conventional heat treatment. These results are
presented in Section 4.2.3.6.

Similar to the results obtained in this study, Youngblood and

Raghavan [16] also observed coarse, wavy €-carbide precipitates in 300M
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Figure 4-68:
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(a) BRIGHT FIELD TEM MICROGRAPH SHOWING A
GENERAL REGION IN A SPECIMEN SUBJECTED TO
MODIFIED CONVENTIONAL HEAT TREATMENT, (b) DARK
FIELD IMAGE USING (002)Fe3c SPOT, HIGHLIGHTING

CEMENTITE PRECIPITATION ON TWINS, (c) DARK
FIELD IMAGE USING [I010]y,,c SPOT HIGHLIGHTING

Mo,C PRECIPITATES, (d) S.A.D. PATTERN FROM (a)
AND (e) INTERPRETATION OF (d).
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Figure 4-69: (a) BRIGHT FIELD TEM MICROGRAPH SHOWING A
GENERAL REGION IN A SPECIMEN SUBJECTED TO
MODIFIED CONVENTIONAL HEAT TREATMENT,
(b) DARK FIELD IMAGE USING (002)F23C SPOT

HIGHLIGHTING CEMENTITE PRECIPITATES AND
(c) DARK FIELD IMAGE USING (1010)mo,c

SPOT HIGHLIGHTING Mo,C PRECIPITATES. S.A.D.
PATTERN WAS SAME AS IN FIGURE 4-68.
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Figure 4-70:

BRIGHT FIELD TEM MICROGRAPHS SHOWING SPHEROIDAL

PRECIPITATES IN SPECIMENS SUBJECTED TO (a) MODI-
FIED CONVENTIONAL, (b) MODIFIED HIGH TEMPERATURE
(c) MODIFIED STEP AND (d) SAME AS (a) BUT WITH-

OUT FINAL REAUSTENITIZATION (AT 850°C) AND TEM-

PERING (AT 280°C) STEPS, HEAT TREATMENTS RESPEC-
TIVELY.
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steel specimens tempered below 425°C. While in the range of 200°C to
310°C, they observed predominantly €-carbide, in this investigation,
cementite precipitated to a greater extent than €-carbide for specimens
tempered at 280°C. The inverse dependence on austenitization temperature
of cementite precipitation on twins was also reported by other investi-
gators [47,81], and is consistent with the observation that carbon segre-
gation on twins decreases with increasing austenitization temperature [66].
Similarly, the slight deviation from Jack's condition for (10I1)€ and
(IOl)a, planes was also noted by other investigators [82,83]. All the
above observations are consistent with the results obtained in this in-

vestigation.

4.2.3.5. Effect of Heat Treatment on Prior Austenite Grain

Boundary Nucleated Phases. As noted earlier (Sections 4.2.1 and 4.2.2),

large prior austenite grain boundary nucleated phases (typically between
1 ym and 10 um in width) were observed under optical microscope (Figure
4-30) and under SEM (Figures 4-31 and 4-32) for all the heat treatments,
irrespective of grain size. Identification of this phase through optical
or scanning electron microscopy was difficult and, hence transmission
electron microscopy was carried out for these heat treatments and these
results are now presented.

This large, irregular shaped grain boundary phase was clearly ob-
served in all heat treatments. Bright field micrographs, Figure 4-50a-g
reveal this phase for various heat treatments. €-carbide precipitation
occurred extensively within this phase, usually along parallel rows in-

clined at an angle of 55°-60° to the longitudinal axis of the ferrite.
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These particles were typically 50 & to 100 £ thick and 1000 & to 1500 X
long. Although obtaining diffraction patterns with carbide spots from
this phase was extremely difficult, in a few instances clear patterns

were obtained and the particles were unambiguously identified as ¢€-
carbide (Figures 4-51 to 4-53). The morphology of e€-carbide was revealed
in all the dark field pictures (Figures 4-51b, 4-52b,c & 4-43b), which
were all obtained using {1100} type spots. The orientation relationships
between €-carbide and ferrite satisfied the Jack orientation relationship
conditions [78] (Figure 4-54), viz., [0001]_ | [011] ,, (00O1) | co11)_,,
(IOIO)E I (ZIi)a. and (IOTI)E was only about 1° away from (101)3,.

Figure 4-71 shows the grain boundary phase for conventional heat
treatment. The region investigated was the same as shown in Figure 4-51.
However, in this case, the specimen stage was tilted by 7° and a different
diffraction pattern was obtained. In this orientation, the €-carbide par-
ticles were resolved much better in the dark field image (Figure 4-71b)
which was obtained using (Olii)e spot. This orientation has not been re-
ported elsewhere in literature and a new orientation relationship, based
on stereographic projection analysis (similar to Figure 4-54) is now
proposed, namely, [311}@I | [Il.l]€ and (IOB)G. I (OI.E)E, (311)a, I
(Il.l)E and (OTl}a, is about 7° away from (TI.E)E. Also, Figures 4-51 to
4-53 and 4-71 reveal that this blocky phase was heavily dislocated and the
€-carbide precipitation within this phase occurred in mostly two variants.
To determine these variants, image-S.A.D. rotation angle calibration

using MoO3 crystal was done (Appendix III).



Figure 4-71:
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o [311]] MARTENSITE SPOT
o [11l] MARTENSITE SPOT
e [11.1]] e-CARBIDE SPOT

(a) BRIGHT FIELD TEM MICROGRAPH SHOWING A LARGE
LATH AT A GRAIN BOUNDARY IN A CONVENTIONALLY
HEAT_TREATED STEEL, (b) DARK FIELD IMAGE USING
(0111)¢ SPOT, HIGHLIGHTING €-CARBIDE PRECIPITA-

TATION ALONG TWO VARIANTS OF <112>, INSIDE THE
LATH, (c) S.A.D. PATTERN FROM (a) AND (d) INTER-
PRETATION OF (c). THE GROWTH DIRECTION WAS

DETERMINED AS DESCRIBED IN TEXT.
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The grain boundary phase also contained twins, Figures 4-72 to 4-77.
Diffraction patterns were fairly easily obtained from these twinned re-
gions and dark field imaging was done using {011} type spots (Figures
4-73 and 4-74) to confirm the presence of these twins within the blocky
ferrite. As noted in Section 4.2.2., within the blocky ferrite sphe-
roidal particles were also occasionally seen (Figure 4-78a-c). However,
these carbides could not be identified due to weak diffraction spots
which were obtained. These were, however, identified through extraction
replication and these results are presented in Section 4.2.3.6. Another
feature was the precipitation of cementite along the boundaries of this
grain boundary phase (Figure 4-79). The presence of €-carbide in at
least two variants within the blocky phase and the presence of twins
within this phase (which always forms at prior austenite grain boundaries)
indicates that this phase is auto-tempered blocky martensite.

Khan and Kannan [85] and Sastry [47] reported the presence of blocky
martensite at prior austenite grain boundaries in 4340 steel. They also
observed twinning within the blocky martensite. Kamada et al. [86] found
dislocated blocky martensite in a 5% Ni steel. Other investigators found
€-carbide to have {lDO}a, habit [286-288]. These observations conform
with the results of the present investigation.

No €-carbide or twins have been reported in upper bainite to date
and cementite in upper bainite is precipitated at the ferrite boundaries,
or within the ferrite, directed along, rather than at an angle to the
ferrite boundaries [48-53]. 1In lower bainite also, the predominantly
occurring carbide is cementite and €-carbide, when identified, was re-

ported to be present only in one variant [83,87,88]. The latter
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Figure 4-72: BRIGHT FIELD TEM MICROGRAPHS SHOWING EXTENSIVE
TWINNING WITHIN GRAIN BOUNDARY PHASE FOR CON-
VENTIONAL HEAT TREATMENT.



Figure 4-73:

O [011] MARTENSITE SPOT
O [on] TwiN sPOT
e DOUBLE DIFFRACTION SPOT

(a) & (b) BRIGHT FIELD TEM MICROGRAPHS SHOWING

EXTENSIVE TWINNING WITHIN GRAIN BOUNDARY PHASE
FOR CYCLIC HEAT TREATMENT, (c) DARK FIELD IMAGE
USING (0l1ll)p SPOT HIGHLIGHTING THE TWINS IN (b),

(d) S.A.D. PATTERN FROM (b) AND (e) INTERPRETA-
TION OF (d). DOUBLE DIFFRACTION SPOTS ARE ALSO

FAINTLY VISIBLE.
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Figure 4-74:

(a) & (b) BRIGHT FIELD TEM MICROGRAPHS SHOWING
TWINNING WITHIN GRAIN BOUNDARY PHASE IN A
SPECIMEN SUBJECTED TO HIGH TEMPERATURE HEAT _
TREATMENT AND (c) DARK FIELD IMAGE USING (011l)

TYPE SPOT HIGHLIGHTING THE TWINS WITHIN (b).
S.A.D. PATTERN OBRTAINED WAS THE SAME AS IN

FIGURE 4-73.
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Figure 4-75: BRIGHT FIELD TEM MICROGRAPHS SHOWING TWINNING
WITHIN GRAIN BOUNDARY PHASE IN A SPECIMEN
SUBJECTED TO STEP HEAT TREATMENT.
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Figure 4-76: BRIGHT FIELD TEM MICROGRAPH SHOWING SOME
TWINNING WITHIN GRAIN BOUNDARY PHASE IN A

SPECIMEN SUBJECTED TO MODIFIED CONVENTIONAL
HEAT TREATMENT.

Figure 4-77: BRIGHT FIELD TEM MICROGRAPH SHOWING SOME
TWINNING WITHIN GRAIN BOUNDARY PHASE IN A SPECI-
MEN SUBJECTED TO MODIFIED STEP HEAT TREATMENT.
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Figure 4-78: BRIGHT FIELD TEM MICROGRAPHS SHOWING SPHEROIDAL
PRECIPITATES WITHIN GRAIN BOUNDARY PHASE FOR
(a) MODIFIED CONVENTIONAL, (b) MODIFIED HIGH
TEMPERATURE AND (c) MODIFIED STEP HEAT TREAT-
MENTS.



Figure 4-79:
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(a) BRIGHT FIELD TEM MICROGRAPH SHOWING GRAIN
BOUNDARY PHASE IN A CONVENTIONALLY HEAT
TREATED STEEL AND (b) DARK FIELD IMAGE USING
(002)F83C SPOT HIGHLIGHTING CEMENTITE PRE-

CIPITATION ALONG THE BOUNDARIES OF THIS PHASE.
THE CARBIDE PRECIPITATION WITHIN THIS PHASE

WAS IDENTIFIED AS €-CARBIDE (FIGURES 4-51 AND
4-71). THE S.A.D. PATTERN OBTAINED WAS SIMILAR
TO THE ONE IN FIGURE 4-56. WHILE THIS

PATTERN WAS OBTAINED FROM THIS GENERAL AREA,
THE PATTERNS OF FIGURES 4-51 AND 4-71 WERE
OBTAINED SPECIFICALLY FROM WITHIN THIS PHASE.
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investigators [87,88] also reported observing twins in lower bainite,
but the MS temperature for their steel was 142°C, with the isothermal
transformation temperature for obtaining lower bainite being 204°C. It
is not surprising, therefore, that they did see twins in lower bainite
at a temperature where the critical resolved shear stress for twinning
is slightly lower than, if not equal to, that for slipping. However, no
internal twins have been reported in lower bainite of steels similar to
the present investigation. Based on these points, it is clear that the

grain boundary phase is a blocky form of autotempered martensite.

4.2.3.6. Extraction Replication and X-Ray Results. In order

to identify the spheroidal carbides observed under both SEM and thin
foil TEM, extraction replication was carried out for samples subjected
to modified conventional heat treatment and for samples which, after
being austenitized at 870°C for 1 hour, were tempered for 1 hour at
650°C but not subsequently reaustenitized or subjected to final temper-
ing at 280°C. The latter heat treatment was done to facilitate identi-
fication by precipitating coarse carbides at 650°C (which remained
coarse and did not undergo any further dissolution or refinement due to
reaustenitization at 850°C). The etching time and thickness of carbon
coating during the extraction process were such that a majority of
spheroidal carbides only were preferentially extracted and extraction
of other carbides was minimal.

Figure 4-80 clearly shows these carbides for the modified conven-
tional heat treatment. Since these precipitates were very fine, some

high magnification micrographs were also taken (Figure 4-80b&d). The
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Figure 4-80:

(a) & (b) BRIGHT FIELD TEM EXTRACTION REPLICA
PICTURES FROM SPECIMEN 1, (c) S.A.D. PATTERN
FROM SPECIMEN 1, (d) & (e) BRIGHT FIELD TEM EX-
TRACTION REPLICA PICTURES FROM SPECIMEN 2,

(f) S.A.D. PATTERN FROM SPECIMEN 2 AND (g) IN-
TERPRETATION OF THE S.A.D. PATTERNS. SPHERICAL
CARBIDES ARE M3C and M;C3. NEEDLE-LIKE CARBIDE

IS €-CARBIDE. BOTH SPECIMEN 1 AND 2 WERE SUB-
JECTED TO MODIFIED CONVENTIONAL HEAT TREATMENT.



Ring 1/1 Carbide Thk1J Ring 1/1 Carbide (hk1}
1 1
# Type # Type
Fe3C 103 4 60 (Fe,Cr)7C3 603
(Fe,C?).C 3600
1 100 7°3 1122 5 100 M,.C 844
2376 511
(Fe,Cr),c, 1431
2 60 ¥ 73 1402 &
{ M,4Ce 531 6 60 236 10 4 0
3 18 Mo, C 103 7 100 M,.C. 971

Figure 4-81:

(a) & (b) BRIGHT FIELD TEM EXTRACTION REPLICA
PICTURES SHOWING COARSE CARBIDE PRECIPITATION
IN A SPECIMEN SUBJECTED TO MODIFIED CONVENTION-
AL HEAT TREATMENT (WITHOUT REAUSTENITIZING AND
FINAL TEMPERING STEPS), (c) S.A.D. PATTERN FROM
THIS SPECIMEN AND (d) INTERPRETATION OF S.A.D.
PATTERN. CARBIDE TYPES IDENTIFIED ARE MBC'

M7C3, M23C6 AND MOZC'



Figure 4-82:
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220 270 200

e [00.1] Mo, C SPOT

(a), (b) & (c) BRIGHT FIELD TEM EXTRACTION
REPLICA PICTURES, (d),(e) & (f) DARK FIELD PIC-
tures using (ll-O)Mozc SPOT, HIGHLIGHTING THE

Mo,C PRECIPITATE SHOWN IN (a),(b) & (c) RES-
PECTIVELY, (g) S.A.D. PATTERN OBTAINED FROM (a)
AND (h) INTERPRETATION OF (g). S.A.D. PATTERNS
FROM (b) & (c) WERE EXACTLY SIMILAR TO (g).

THE SPECIMEN WAS SUBJECTED TO MODIFIED CON-
VENTIONAL HEAT TREATMENT, EXCEPT FOR THE RE-
AUSTENITIZATION AND FINAL TEMPERING STEPS.
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in order to confirm the presence as well as determine the morphology

of Mo, C.

2

X-ray powder patterns were also obtained from Debye-Scherrer
cameras for these specimens to confirm the identity of the carbides.
The extracted carbon films were used directly to obtain these patterns

(Figure 4-83a & b). These patterns were indexed and the presence of

Fe ,C, M__C

3 23% and (Fe,Cr)?C3 and Mo,C was confirmed.

2

4.2.4. Summary: Microstructural Analysis.

4.2.4,1. Optical,.

1. High temperature and step heat treatments resulted in an order
of magnitude higher prior austenite grain size, when compared with con-
ventional heat treatment.

2 Cyclic heat treatment refined the prior austenite grain size of
conventionally heat treated steel.

3. All modified heat treatments refined the prior austenite grain
size of the corresponding non-modified heat treatments.

4. Conventional, high-temperature and step heat treatments ex-
hibited a dark etching constituent at the prior austenite grain bound-

aries.

4.2.4.2. Scanning Electron Microscopy.

1. Conventional heat treatment resulted in more lenticular, plate-
like martensite, whereas the high temperature and step heat treatments
resulted in predominantly lath martensite.

2: Large, blocky laths, nucleated at the grain boundaries, were

observed in the case of all heat treatments and these consisted of



Ring Diameter Measured* Carbide Ring Diameter Measured Carbide

# (mm) 'd" (R) Type {hk1} # (mm) 'd' (A) Type {hk1}
32.80 4.055 M, C 011 5 67.27 2.067 M4C 210

2 35.51 5. 157 M,C 101 6 68.13 2.044  M,.C {gff
44.53 3.022 M4C 111 7 68.30 2.039 M,Cy LI

4 65.82 2.107 M, C 121 8 69.31 2.013 M4C 103

Figure 4-83: (a) POWDER DIFFRACTION PATTERNS FOR MODIFIED CONVENTIONAL HEAT TREATMENT.
CARBIDES IDENTIFIED: M3C, M?C3, M23C6' *calculated from 2d sin 0 =

with X = 2,.2897 for Ka .

1

"HeT >




Ring Diameter Measured* Carbide Ring Diameter Measured Carbide

# (mm) 'd' (A)  Type {hk1} # (mm) 'd'" (R)  Type {hk1}

1 31.48 4.220 M.C, 01.1 8 6§3.72 2.169 My Co 22.4
M-C (101 o

3 . « 5 5 ~

2 35.55 3.750 {M‘ - g5 ) 65.54 2.115 M,C, 02,3
236

3 38.19 3.500 N.C. 22.0 10 67.08 2.072 MC.q 331

_ , ) §333

4 39.72 3.370 M,C 002 11 68.13 2.044 PR s

5 57.37 2.384 M,C 021 12 68.32 2.039 Ml 24.1
M-C 14.1

6 60.28 2.280 { 7-3 { 13 69.24 2.015 M.,C 103

Mo,C 01.1 3
7 61.08 2.253 M,C, 00.2

Figure 4-83: (b) POWDER DIFFRACTION PATTERNS FOR SAME AS (a), BUT NO REAUSTENITIZING =
AND FINAL TEMPERING HEAT TREATMENTS. CARBIDES IDENTIFIED: M.C, -
M.,C,, M,,C_., Mo,C. *Calculated from 2dsin® = ), with A = 2.2897
7.3 §3 6 2
for Cr —
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parallel rows of wavy carbides inclined at an angle of 55° to the longi-
tudinal axis of the laths.

3, In the case of modified heat treatments, the large laths also
contained randomly precipitated spherical carbide particles.

4,2.4,3. Transmission Electron Microscopy.

1 Conventional and cyclic heat treatments resulted in both lath
and plate-like martensite with plate martensite predominating, whereas
the high temperature and step heat treatments resulted in predominantly
lath martensite.

2., Twins and dislocations were extensively present in conventional
and cyclic heat treatments.

3 High temperature and step heat treatments resulted in a large
amount of dislocations while twins were occasionally seen only in the
case of step heat treatment.

4. Modified heat treatments resulted in increased lath martensite
and fewer or no twins than the corresponding non-modified heat treatments.
55 The lath width was smaller for the modified and cyclic heat
treatments and the laths or plates in high temperature, step and modified
heat treatments rarely extended across the whole grain, unlike in the

case of conventional and cyclic heat treatments.

6. Twins were generally restricted to plate martensitic regions
and these regions occasionally also contained dislocations. However, a

few microtwins were also seen within laths in a few instances.
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FiE Laths were, in general, heavily dislocated and occurred either
separated from each other by low angle boundaries or in twin related
fashion.

8. The predominantly occurring lath orientations were <111> and
<100> although <113> and <110> zone axes were also observed regularly.

O Laths occurred in three morphologies--convergent laths, regular
parallel laths and large laths with extensive carbide precipitation
within.

10. Twins occurred along {112} planes and the amount of twinning
increased with decreased austenitization temperature and increased
amounts of segregation.

11. All heat treatments resulted in some mostly interlath films of
retained austenite, ranging in thickness from 100 & to 200 X. The high
temperature and step heat treatments exhibited more retained austenite
than conventional and cyclic heat treatments. The modified heat treat-
ments contained more retained austenite than the corresponding non-
modified heat treatments.

12. Both K-S and N-W orientation relationships were observed be-
tween retained austenite and martensite.

13. All heat treatments resulted in a mixture of €-carbide and
cementite precipitates, after tempering at 280°C.

14. Characteristic €-carbide particles, wavy in appearance, were
considerably coarser (50 A to 100 & thick and about 1000 A to 1500 A
long) than cementite particles and were precipitated predominantly inside

large laths and on dislocations, whereas cementite particles were found
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precipitated inside laths or plates at lath, plate, packet or grain
boundaries and on dislocations and twins. The precipitation of cemen-
tite on twins was an inverse function of austenitization temperature.

15. While the orientation between €-carbide and martensite satis-
fied the Jack relationship, that between cementite and martensite satis-
fied either the Bagaryatskii or the Pitsch relationships. A new orienta-
tion relationship between €-carbide and martensite was also determined
and in this orientation the €-carbide particles were highlighted better
during dark field imaging.

16. €-carbide precipitated inside large laths were arranged along
parallel rows inclined at an angle of about 55° to the longitudinal axis
of the lath. There were two definite variants for this precipitation,
the growth direction coinciding with <112>a,.

L7 MOZC precipitation (with <OO.1>MOZC basal plane orientation)
was also observed occasionally in the case of modified heat treatments.
In these modified heat treatments, a few spheroidal precipitates were
also observed.

18. Large, irregular, grain boundary nucleated laths were identi-
fied in the case of all heat treatments. In the case of non-modified
heat treatments, these laths contained extensive €-carbide precipitation
along parallel rows inclined at angles of about 55° to the longitudinal
axis, the growth direction coinciding with <112>u,. The boundaries of
these laths often were sites for cementite precipitation.

19. Twins were also observed within these large laths, irrespec-

tive of austentitization temperature. The presence of these twins and
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the occurrence of €-carbide in two definite variants indicated that this
was autotempered blocky martensite.

20. In the case of modified heat treatments, these large laths
contained, in addition to €-carbide, spheroidal shaped carbides.

21. Through extraction replication technique, the spheroidal car-
bides which were observed in the modified heat treatments were identified
as M3C and M7C3 and M23C6 carbides. M02C particles were also identified
in the case of modified heat treatments through extraction replication.
X-ray powder patterns obtained using the extracted films confirmed the

carbides in the modified heat treatments to be of MBC’ M7C3, M23C6 and

M02C types.
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4.3. Fractography

4.3.1. Tensile Specimens. Low magnification fractographs (Figure

4-84) all revealed the general fracture appearance, the extent of reduc-
tion in transverse area and the shear lip region. Also visible were the
central fibrous zone and the surrounding radial zone (except for the high
temperature and step heat treatments where the two zones merged). The
central zone surrounded the crack origin and consisted of fine circumfer-
ential ridges, normal to the direction of crack propagation, from the
origin towards the periphery of the specimen. These ridges are indica-
tive of stable, subcritical, high energy crack extension. The radial
zone consisted of fine radial marks, emanating from the periphery of the
fibrous zone or the crack origin and coincided with the general direction
of crack extension. This zone indicates rapid, unstable crack propaga-
tion. Since the initial cross-sectional area of all the specimens were
the same, a measure of the transverse area (and the shear lip width),
should be indicative of ductility. The results confirm that the trans-
verse area was lower and shear lip width larger for specimens of higher
ductility.

The fracture modes in the fibrous zone are compared in Figure 4-85.
All the non-modified heat treatments exhibited a mixed failure mechanism
(intergranular, quasicleavage and ductile rupture), while the modified
heat treatments showed predominantly ductile rupture failure mode. Also,
the amount of intergranular and quasicleavage failure was smaller for the
conventional and cyclic heat treatments than for the step and high tem-

perature heat treatments.



Figure 4-84:

SEM FRACTOGRAPHS OF TENSILE SPECIMENS SHOWING
THE MACROMODES OF FAILURE FOR a) CONVENTIONAL,
b) CYCLIC, c) MODIFIED CONVENTIONAL, d) HIGH
TEMPERATURE, e) MODIFIED HIGH TEMPERATURE,

f) STEP & g) MODIFIED STEP HEAT TREATMENTS.



Figure 4-85:

v g

SEM FRACTOGRAPHS OF TENSILE SPECIMENS FROM
CENTRAL ZONE, SHOWING A MIXED FAILURE MODE FOR

a) CONVENTIONAL, b) CYCLIC, d) HIGH TEMPERATURE
AND f) STEP HEAT TREATMENTS AND DUCTILE RUPTURE
MODE FOR c) MODIFIED CONVENTIONAL, e) MODIFIED
HIGH TEMPERATURE AND g) MODIFIED STEP HEAT TREAT-
MENTS.
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The dimple size and density are compared in Figure 4-86. The void
size was higher in coarser grained structures (lower density) and the
voids shallower. Also, all the modified heat treatments exhibited a much
finer dimple distribution than the corresponding non-modified heat treat-
ments. Since voids are initiated by carbides and inclusions, a higher
dimple density indicates a greater volume fraction of carbides in the
matrix (for a given amount of inclusions). Evidence of carbides and in-
clusions within voids can be found in many of these fractographs.

Coarse cleavage steps can be seen in Figure 4-87 for the high tem-
perature and step heat treatments. These steps terminated at the prior
austenite grain boundaries. Their height (about 5 um) suggests that
cleavage occurred along large laths at the grain boundaries. Such laths
were identified as autotempered martensite (Section 4.2.3.5.). Several
smaller steps are also seen in Figure 4-87 and these are relatable to
fracture along lath and packet boundaries. These boundaries were shown
to be sites of extensive carbide precipitation (Sections 4.2.3.4. and
4.2.3.5.) and the presence of these brittle carbides provided an easier
fracture path along these boundaries.

Tearing, indicative of discontinuity in the advancing crack (due to
necking of small ligaments behind the main crack front) were identified
in many of these fractographs. Small cleavage tongues, due to cleavage
across microtwins, and smooth facets, caused by plastic shear in local
regions were also visible in the fractographs of non-modified heat treat-

ments.



Figure 4-86:
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SEM FRACTOGRAPHS OF TENSILE SPECIMENS, FROM
CENTRAL ZONE, COMPARING DIMPLE SIZE AND DIS-
TRIBUTION IN (a) CONVENTIONAL, (b) CYCLIC,
(c) MODIFIED CONVENTIONAL, (d) HIGH TEMPER-
ATURE, (e) MODIFIED HIGH TEMPERATURE,

(f) STEP AND (g) MODIFIED STEP HEAT TREAT-
MENTS.



165.

- R
Ky
(31
ixs

LI !

Figure 4-87: SEM FRACTOGRAPHS OF TENSILE SPECIMENS,
FROM CENTRAL ZONE, SHOWING CLEAVAGE STEPS
IN (a) & (b) HIGH TEMPERATURE AND (c) &
(d) STEP HEAT TREATMENTS.
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The first detailed topography study of tensile specimen fracture sur-
faces was done by Martens [95] who observed radial markings pointing back
to the fracture origin. He also noted that finer grained material
yielded sharper radial markings, consistent with the observations in this
investigation. Classification of tensile surface marks into three zones,
viz., fibrous, radial and shear lip zones, was also done by other investi-
gators [89,90]. F. L. Carr [91] showed that for various strengths and
testing temperatures, crack propagation in the central fibrous zone oc-
curred through microvoid coalescence, again consistent with the observa-
tions in this study. However, even in this zone, quasicleavage and inter-
granular facets were observed in the case of conventional and cyclic heat
treatments. For the high temperature and step heat treatments, no fib-
rous zone was identified, the central zone being predominantly inter-
granular in these cases.

Low magnification fractographs suggest that increased radial and
shear lip zone sizes and decreased fibrous zone size resulted with in-
creased strength level. Also, the relative coarseness and irregularity
of the radial markings became finer and more regular in appearance, giv-
ing rise to a flatter surface. Similar observations were made by Nunes
et al. [90]. These results also indicate that fracture mode change from
intergranular to quasicleavage and ductile rupture resulted with in-
creased strength, which agrees with the predictions of Beachem [96].
Tetelman et al. [97] showed that increasing interparticle spacing (de-
creasing void density) implied larger displacements associated with
coalescence and, hence, higher toughness and a related drop in strength.

Hodgson et al. [98] showed that the yield strength in quenched and
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tempered steels varied as the inverse square root of the interparticle
spacing. The results in this study are consistent with the above ob-
servations.

With respect to cleavage steps, the size and orientation of avail-
able cleavage planes within a grain of prior austenite is poorly defined
in a quenched and tempered steel due to precipitation of a fine network
of carbide particles. True cleavage planes are replaced by smaller, ill-
defined quasicleavage planes initiated at carbide particles or large in-
clusions. Inoue et al. [92] observed that the lath surfaces were pre-
dominantly {100} oriented, an orientation commonly encountered in this
investigation, and concluded that natural cleavage perpendicular to lath
surfaces was also {100} oriented. Beachem [93] observed that cementite
platelets grew on {110} planes in <111> directions at angles of 45° and
90° to each other, which is consistent with TEM observations in this
investigation (Figures 4-56, 4-59 and 4-62). If {110}<111> habit plane
intersections are considered, then these angles of intersection should
also be the same (45° and 90°), which is consistent with fractography
observations. While coarse steps have not been shown in detail else-
where, many investigators have observed the occurrence of fine steps along
lath and packet boundaries and attributed this to the presence of carbide
particles at these sites [76,94]. Carbide particles were seen in this
investigation along the boundaries of even the coarse steps (Figure 4-87).
Cementite between regular laths (Figures 4-56 to 4-58) and also along
large lath boundaries (Figure 4-79) were identified through TEM studies.
These carbide particles were responsible for the coarse step formation

as well as the finer cleavage steps.
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4.3.2. Impact Specimens. Three macroscopic failure zones, viz., a

flat fibrous zone, corresponding to fracture initiation and indicating
stable crack growth (parallel to the plane of the notch), a radial zone,
corresponding to fracture propagation and indicating unstgble crack propa-
gation (adjacent to the fibrous zone) and a shear lip zone (at the speci-
men edges) were seen. These zones (excluding shear lip) can be identi-
fied in Figure 4-88. The width of the fibrous zone varied as a function
of the initiation energy.

Figure 4-89 compares the fracture modes in the initiation zone. For
all the heat treatments, the predominant failure mode was microvoid co-
alescence. A few intergranular and quasicleavage facets were also identi-
fied for the high temperature and step heat treatments. Also, in these
latter heat treatments, the dimple density was lower and the voids wider
and shallower than for the other heat treatments, consistent with their
lower ductility.

The propagation zone fracture modes are compared in Figure 4-90.

It was a mixed quasicleavage and void coalescence mode for all the heat
treatments, with quasicleavage predominating. A few intergranular facets
were also visible for high temperature and step heat treatments. These
facets and the presence of cleavage steps (Figure 4-91) in these two heat
treatments are consistent with lower fracture propagation energies. Tear
ridges, typical of low energy failure in high strength steels were also
seen in these fractographs.

Figure 4-91 shows coarse cleavage steps for high temperature and step
heat treatments in the propagation zone. In fine grained structures, such

steps were only rarely encountered and an example is also presented in
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Figure 4-89:
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SEM FRACTOGRAPHS OF IMPACT SPECIMENS FROM
INITIATION ZONE COMPARING THE FAILURE MODES

* (PREDOMINANTLY DUCTILE RUPTURE) FOR (a) CON-

VENTIONAL, (b) CYCLIC, (c) MODIFIED CONVEN-
TIONAL, (d) HIGH TEMPERATURE, (e) MODIFIED
HIGH TEMPERATURE, (f) STEP AND (g) MODIFIED
STEP HEAT TREATMENTS.
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Figure 4-90: SEM FRACTOGRAPHS

PROPAGATION ZONE, SHOWING THE FAILURE MODES
(PREDOMINANTLY QUASICLEAVAGE) FOR (a) CONVEN-
TIONAL, (b) CYCLIC, (c) MODIFIED CONVENTIONAL,
(d) HIGH TEMPERATURE, (e) MODIFIED HIGH TEM-
PERATURE, (f) STEP AND (g) MODIFIED STEP HEAT
TREATMENTS.
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SEM FRACTOGRAPHS OF IMPACT SPECIMENS,
FROM PROPAGATION ZONE, SHOWING CLEAVAGE
STEPS IN (a) CYCLIC, (b) HIGH TEMPERATURE
AND (c) & (d) STEP HEAT TREATMENTS.
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Figure 4-91. The definite crystallographic orientations of these steps
suggest that fracture occurred along coarse lath and packet boundaries.
The presence of such coarse laths and brittle carbides along these bound-
aries were established in Section 4.2.3.5. The precipitation of epsilon
carbide within coarse laths at an angle of 55° to 65° to the lath bound-
aries was also established in Section 4.2.3.5. Cleavage along these
laths should result in fine steps or traces at an angle to these bound-
aries, as seen in these fractographs, consistent with cracking along
epsilon carbide/ferrite interfaces. The coarse steps intersected either
perpendicularly or at angles of 45° with respect to each other, indicat-
ing {110} habit plane intersection with {100} cleavage planes.

The change in fracture mode from intergranular to quasicleavage
and microvoid coalescence with increasing toughness, noted in this in-
vestigation, 1s consistent with the observations of other investigators
(4,8,19,25,96,99]. The low energy tear and quasicleavage mechanism of
failure observed in the fracture propagation region was typical of high
strength steels broken in impact [97,100-102]. Examination of voids re-
vealed that increases in both dimple density and depth of dimples oc-
curred with appreciable increase in fracture energy. Other investigators
[100,103,104] also noted an increase in dimple depth with increase in
toughness. Tetelman et al. [97] attributed the toughness increase with
decreasing void density to the larger displacements necessary for void
coalescence when void size increased. While this trend was observed

from the microfractographic results of K_ specimens, for impact speci-

Ic

mens, increased dimple density was assoclated with increased impact

toughness. This apparent contradiction was also noted by Ritchie and
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Horn [20] in the case of 4340 steel. They concluded that void density
affected the toughness only when the strain rate was low as in plane
strain fracture toughness testing and the increase in impact toughness
with increasing prior austenite grain size (and consequently decreasing
dimple density) was due to decreased critical fracture strain and not

due to decreased dimple density. The present results support this latter
view. The observation of carbides along coarse lath and packet bound-
aries as well as the observation of fine markings, corresponding to frac-
ture along epsilon carbide particles, in this investigation, suggest that
the coarse steps occurred in a similar manner as the fine steps, viz., due
to fracturing along brittle carbides precipitated along the coarse lath/

packet boundaries.

4.3.3. Plane Strain Fracture Toughness Specimens. Fracture initia-

tion and propagation zones and shear lip zone were all observed for all
heat treatments. The fatigue precracked region and the initiation region
adjacent to it, can be seen in Figure 4-92. Unlike Charpy surfaces,
there was little difference between initiation and propagation zones.

The fracture modes are better compared in Figure 4-93, obtained from
the initiation region. The predominant failure mode was microvoid co-
alescence. All the non-modified heat treatments exhibited some quasi-
cleavage and intergranular failure, and more so the step heat treatment,
due to the high segregation concentration at the prior austenite grain
boundaries.

The void size and densities are compared in Figure 4-94. All the
coarse grained structures resulted in a lower dimple density, consistent

with increased interparticle spacing, due to greater dissolution at
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SHOWING

FATIGUE PRECRACKED AND INITIATION ZONES FOR (a)
CONVENTIONAL, (b) CYCLIC, (c) MODIFIED CONVEN-
TIONAL, (d) HIGH TEMPERATURE, (e) MODIFIED HIGH
TEMPERATURE, (f) STEP AND (g) MODIFIED STEP HEAT
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SEM FRACTOGRAPHS O KI SPECIMENS, SHOWING
INITIATION ZONE, SHOWING A MIXED FAILURE MODE
FOR (a) CONVENTIONAL, (b) CYCLIC, (d) HIGH
TEMPERATURE AND (f) STEP HEAT TREATMENTS AND
A PREDOMINANTLY DUCTILE RUPTURE MODE FOR (c)
MODIFIED CONVENTIONAL, (e) MODIFIED HIGH TEM-
PERATURE AND (g) MODIFIED STEP HEAT TREATMENTS.
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Kic SPECIMENS, FROM
INITIATION ZONE, COMPARING DIMPLE SIZE AND
DISTRIBUTION IN (a) CONVENTIONAL, (b) CYCLIC,
(c) MODIFIED CONVENTIONAL, (d) HIGH TEMPERATURE,
(e) MODIFIED HIGH TEMPERATURE, (f) STEP AND

(g) MODIFIED STEP HEAT TREATMENTS.

Figure 4-94:
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Figure 4-94: SEM FRACTOGRAPHS OF Kyic SPECIMENS, FROM
INITIATION ZONE, COMPARING DIMPLE SIZE AND
DISTRIBUTION IN (a) CONVENTIONAL, (b) CYCLIC,
(c) MODIFIED CONVENTIONAL, (d) HIGH TEMPERATURE,
(e) MODIFIED HIGH TEMPERATURE, (f) STEP AND

(g) MODIFIED STEP HEAT TREATMENTS.
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higher temperatures. The modified heat treatments resulted in a higher
dimple density than the corresponding non-modified heat treatments, con-
sistent with the higher volume fraction of carbides.

Coarse steps terminating at the prior austenite grain boundaries can
be identified for the coarser grained structures (Figure 4-95). The
reasons for their formation were explained in Section 4.3.1.

The change in fracture mode from a mixed intergranular, quasi-
cleavage and ductile rupture to microvoid coalescence, with increasing
fracture toughness is consistent with the observations of other investi-
gators [4,8,19,25,96,99]. The high temperature and step heat treatments
exhibited decreased dimple density compared to the conventional, and
cyclic heat treatments. This result is in agreement with the observa-
tions of Ritchie and Horn [20] and Tetelman and McEvily [97], who noted
decreasing dimple density with increasing toughness. However, the
modified heat treatments resulted in greater void volume as a result of
more carbide precipitation due to the intermediate tempering step. While
this seemingly contradicts the results for the non-modified heat treat-
ments, the low energy fracture modes (intergranular and quasicleavage)
were absent for the modified heat treatments, thus accounting for their

superior fracture toughness.

4.3.4. Stress Corrosion Cracking Specimens. Unlike tensile, Charpy

and KIC specimens, these specimens failed predominantly by intergranular
failure under low and intermediate stress intensity levels, with complete
transgranular mode occurring near the final fast fracture region. How-

ever, the modified conventional heat treatment, while failing by ductile
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rupture at high stress intensity levels, exhibited a mixed failure mode
consisting of both intergranular and transgranular features at low and
intermediate stress intensity levels. 1In all cases, the amount of trans-
granular features increased with increasing stress intensity with the
maximum intergranular failure occurring near threshold stress intensity.
While the intergranular fracture was environmentally induced, the trans-
granular fracture was a result of triaxial stress conditions at the crack
EED,

Fractographs, in the order of increasing stress intensity are pre-
sented in Figures 4-96 to 4-98, for conventional, high temperature and
step heat treatments. Analysis revealed predominantly intergranular
fracture mode with transgranular features increasing with increasing
stress intensity. The amount of intergranular failure at equivalent
stress intensities was higher for the high temperature and step heat
treatments, consistent with a greater concentration of segregation at
the grain boundaries (although the total amount of segregation decreases
with increasing temperature). Secondary cracks and triple points can be
seen 1in many regions. Most intergranular boundaries were smooth, while
some showed cleavage and quasicleavage facets, tear ridges and dimples.
The high magnification pictures showed the transition from cleavage and
quasicleavage to microvoid coalescence in the transgranularly failed
regions, with increasing stress intensity. The final fracture was
totally by microvoid coalescence and generally the amount of tear ridges
and/or dimples on the intergranular facets increased with increasing

stress intensity.
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Figure 4-96: SEM FRACTOGRAPHS OF CONVENTIONALIY HFAT
TREATED S.C.C. SPECIMENS, SHOWING THE CHANGE
IN FAILURE MODE (INTERGRANULAR TO TRANSGRANULAR)
AS A FUNCTION OF INCREASING APPLIED STRESS
INTENSITY.
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Figure 4-97: SEM FRACTOGRAPHS OF HIGH TEMPERATURFE HEAT
TREATED S.C.C. SPECIMENS, SHOWING THE CHANGE

IN FAILURE MODE (INTERGRANULAR TO TRANS-
GRANULAR) AS A FUNCTION OF INCREASING APPLIED

STRESS INTENSITY.
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Figure 4-98: SEM FRACTOGRAPHS OF STEP HEAT TREATED
S.C.C. SPECIMENS, SHOWING THE CHANGE IN
FAILURE MODE (INTERGRANULAR TO TRANS-
GRANULAR) AS A FUNCTION OF INCREASING
APPLIED STRESS INTENSITY.
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As seen in Figure 4-98, steps within a grain were observed in some
regions for the step heat treatment. These steps were due to a multiple
crack coalescence mechanism, wherein small cracks on parallel planes
coalesced to form larger cracks which in turn coalesced to form wider
steps. Large steps corresponding to cracking along large lath/plate
boundaries were also seen, as in the overload pictures of tensile,
Charpy and KIC specimens.

The fracture surface of specimens subjected to modified conventional
heat treatment could not be directly observed due to extensive corrosion
on the fracture surface. The slow crack growth rate in this heat treat-
ment allowed sufficient time for corrosion to mask the underlying frac-
ture. Examples of this surface condition are shown in Figure 4-99.
Cleaning with an aqueous solution of ammonium citrate, electrolytic
cleaning in an alkaline solution containing sodium cyanide and the
standard procedure recommended by ASTM Committee G-1 for preparing,
cleaning and evaluating corrosion test specimens (G-1-72), wherein the
specimen is electrolytically cleaned with sulphuric acid containing an
organic inhibitor (diorthotolyl thiourea) were all attempted. These
methods, although effective for removing sulphide products did not
work as well for these corrosion products. Hence another solution con-
taining 10 gms of 1,3-di-n-butyl-2 thiourea in 1000 cc of 37.5% HCl was
used and the sample was kept immersed in this solution while ultra-
sonically vibrated for about 1 min. This method was very effective and
the underlying fracture mode was revealed. In addition, etching was

maintained at a minimal level. The results are presented in Figure 4-100
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SEM FRACTOGRAPHS OF MODIFIED CONVENTIONAT.

HEAT TREATED S.C.C. SPECIMENS,

IVE SURFACE CORROSION.

Figure 4-99:

SHOWING EXTENS-



Figure 4-100: SEM FRACTOGRAPHS OF MODIFIED CONVENTIONAL
HEAT TREATED S.C.C. SPECIMENS, SHOWING THE

CHANGE IN FAILURE MODE (MIXED TO DUCTILE
RUPTURE) AS A FUNCTION OF INCREASING APPLIED

STRESS INTENSITY.
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as a function of increasing stress intensity. Both intergranular and
transgranular failures resulted at low and medium stress intensity
levels with almost complete ductile rupture failure resulting at higher
stress intensities. Extensive slot and tunnel formation was visible up

_3;2. The stress

to about an applied stress intensity value of 71.4 MNm
acting across the plane of tunnel formation was such that the tunnel
walls were torn apart and the fracture surfaces exhibited thick torn
regions between tunnels. Also, the activation of slip processes within
the grain produced emergent steps which intersected the tunnel plane,
leading to selective attack at these points. The initial attack at
grain boundaries developed into transgranular fracture initiated at
emergent {111} slip planes, leading to nearly parallel slots within one
grain. At higher stress intensities, tunneling and slot formation due
to corrosion were reduced and the fracture mode was then predominantly
ductile rupture with limited intergranular grain boundary tearing.

Other investigators have also observed the predominant failure mode
in stress corrosion cracking of high strength steels at low and inter-
mediate stress intensities to be intergranular [17,26,27,32,33,105-107].
Beachem [107] also noted that in 4300 type steels, under aqueous environ-
ment, ductile fracture, preceded by a mixed mode of fracture was observed
with increasing applied stress intensity. Wang and Staehle [108] observed
a change in fracture mode with applied stress intensity for martensitic
AIST 4340 steel, viz., intergranular fracture at low stress intensities
in 3.5% NaCl solution and an increase in the amount of ductile rupture

with an increase in applied stress intensity. The results obtained in
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the present investigation are consistent with these observations.

Crack microbranching with crack branch separation distances of the order
of one grain diameter was reported by Speidel [30] in Stage II crack
growth region. He also observed occasional crack macrobranching. Carter
[109] has also observed similar crack branching in high strength steels.
Lessar and Gerberich [32] observed a difference in secondary features
with different grain sizes for 4340 steels. They noted that smaller
grained structures displayed increased tear failure than the larger
grained structures. The results of this study are consistent with all
the above observations. Tunneling and slot formation initiation at
corrosion pits during extended exposure to corrosive environment, have
also been reported by other investigators [110,111]. The model proposed
by Swann and Embury [112] invoked the intersection of {111} slip planes
at grain boundaries leading to slot formation, and this can be applied
to this high strength steel. The absence of these features for the other
heat treatments was due to accelerated crack growth rates which limit

corrosion pit formation.

4.3.5. Summary: Fractography.

4.3.5.1. Tensile Specimens.

1. Three =zones-viz., fibrous, radial and shear lip, were identi-
fied for all heat treatments, except high temperature and step, where
the central zone merged into the shear lip zone without any intermediate
zones.

2. Fractographs from the fibrous zone revealed a mixed failure

mode for conventional, cyclic, high temperature and step heat treatments,
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consisting of intergranular, quasicleavage and microvoid coalescence,
whereas the modified heat treatments all exhibited predominantly ductile
rupture.

3. The size of dimples was finer for the finer grained structures
and for the modified heat treatments when compared with the correspond-
ing non-modified heat treatments.

4. Coarse steps, along well defined crystallographic planes were
observed for high temperature and step heat treatments, indicating
cleavage along coarse lath and packet boundaries. Finer steps due to
failure along regular laths were also observed in the case of all heat

treatments.

4.3.5.2. Impact Specimens.

1. Fibrous, radial and shear lip regions were identified as in
the case of tensile specimens and the width of the fibrous zone was
related to the fracture initiation energy.

2. In the fibrous zone, the predominant failure mode was micro-
void coalescence for all the heat treatments and in the radial zone,
the failure mode was a mixed intergranular, quasicleavage and ductile
rupture, with quasicleavage predominating. For modified heat treatments,
however, no intergranular facets were identified.

3. Dimples were fewer and shallower for high temperature and step
heat treatments, while for the other heat treatments, the dimple density
and depth were more or less uniform.

4. Coarse steps were identified for high temperature and step heat

treatments, as in the case of tensile specimens, indicating cleavage
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along coarse laths and packet boundaries. Finer steps along regular

lath boundaries were also identified.

4.3.5.3. Plane Strain Fracture Toughness Specimens.

1. All heat treatments resulted in predominantly microvoid coales-
cence failure mode in the initiation region, with conventional, cyclic,
high temperature and step heat treatments exhibiting some intergranular
and quasicleavage failure.

2. The volume fraction of dimples was higher for the modified
heat treatments than for the corresponding non-modified heat treatments.

3. Coarse steps, indicative of coarse lath and packet boundary

cleavage were identified for high temperature and step heat treatments.

4.3.5.4. Stress Corrosion Cracking Specimens.

1. The predominant failure mode was intergranular at low and inter-
mediate applied stress intensities, except for the modified conventional
heat treatment, which exhibited both intergranular and transgranular
features.

2. The amount of transgranular features increased with increasing
stress intensity, with final overload region failing by microvoid co-
alescence.

3. There was a transition from quasicleavage and microvoid coales-
cence to completely ductile rupture with increasing applied stress in-
tensity in the transgranularly failed regions. For the modified con-
ventional heat treatment, in these transgranularly failed regions, ex-
tensive tunnel and slot formation resulted, which changed at higher

stress intensities to dimple formation.
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4. Secondary cracking in Stage II crack growth region and triple
points were observed frequently for all the heat treatments.

5. With increasing stress intensity, the intergranular facets
showed increasing amounts of tear ridges and dimples.

6. Steps due to multiple crack coalescence and due to cleaving
along coarse lath and packet boundaries were also observed for high

temperature and step heat treatments.
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5. DISCUSSION

5.1. Mechanical Properties

5.1.1. Tensile Properties. Ultimate tensile strength and yield

strength (true and apparent) of conventional and high temperature heat
treatments were essentially the same. While an order of magnitude in-
crease in prior austenite grain size resulted by austenitizing the steel
at higher temperature, this did not reflect upon the strength values (the
Hall-Petch relationship cannot be directly applied because of other
microstructural variations). A higher austenitization temperature re-
sults in a greater dissolution of alloying elements and residual car-
bides. This chemical homogeneity should account for greater solid solu-
tion strengthening. However, higher twin density associated with the
plate martensite structure of conventional heat treatment should tend to
offset this effect, because a decrease in the number of available de-
formation systems, by a factor of four, results in twinned martensite

as opposed to lath martensite [113], which should increase the strength.
Often, in this study, the twin boundaries were decorated with carbides.
These boundaries can act as strong barriers for the movement of disloca-
tions and hence the dislocation pile-ups should also increase the
strength [94]. On the contrary, even lath boundaries were shown to be
strong dislocation barriers [114,115] and the greater amount of lath
martensite obtained due to high temperature heat treatment should ac-
count for part of the strength equality. In fact, Speich and Swann

[116], based upon their study of Fe-Ni martensites, reported that the
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strengthening effect due to twins approximately balances that lost due
to increased dislocation density associated with plate martensite.

An important factor is that the prior austenite grain boundaries
in martensitic structures account for only a small fraction of the
total boundary surface. The low angle boundaries at plate and lath
intersections and the high angle packet boundaries constitute the major-
ity of the boundary surface. Roberts [117] showed that although the
packet size is decreased by prior austenite grain refinement, this is
not a linear relationship and a greater than 50 fold decrease in the
grain size produces only a corresponding decrease by a factor of less
than 10 in packet size.

Other factors that might affect strength are the amounts of inter-
lath films of retained austenite and segregation effects. The reduction
in strength due to an increase in retained austenite may not be signifi-
cant because of the small amounts of retained austenite involved. Like-
wise, segregation effects may not be important, because although segrega-
tion of impurity and alloying elements are reduced by higher austenitiza-
tion temperature, the amount of segregated elements/unit grain boundary
area may still be the same because of the reduction in the prior austen-
ite grain boundary area. The cumulative effect of these different
factors is such that the strength of the conventional and high tempera-
ture heat treatments were almost the same.

Step heat treatment decreased strength substantially. The differ-
ence between step and high temperature heat treatments are the amounts

of segregation and twins. The inverse dependence of segregation upon
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austenitization temperature has been established by other investigators
[2,118]. 1In a step heat treated steel, although at the starting austen-
itization temperature diffusion rates are high and thermodynamic driving
force for segregation small to prevent segregation, at the second lower
austenitization temperature, the driving force for segregation would
increase, promoting segregation to grain boundaries and other preferred
sites in austenite. (1100°C is the critical temperature for this effect
[2]). This would weaken the grain boundaries and decrease the strength.
However, an opposing effect is the propensity for twinning with this
partitioning and redistribution of alloying elements like Mn, Cr, Ni
etc., as suggested by Khan et al. [18], which produce changes in local
stacking fault energies. This change in stacking fault energy strongly
influences the transformation characteristics of quenched iron base
alloys, especially the propensity for twinning [119-121]. The micro-
structural results, in fact, showed an increase in twinning for step heat
treatment, which should raise the strength somewhat and, in turn, bal-
ance for the loss due to decreased dislocation density. Thus, the final
strength was lower than for the conventional and high temperature heat
treatments chiefly due to the segregation effect alone.

Cyclic heat treatment improved the strength of the conventional
heat treatment due to reduced prior austenite grain size, which was re-
fined by about 50% and the lath width, which was slightly reduced.

All modified heat treatments showed moderate to significant
strength improvement over the corresponding non-modified heat treat-

ments. Intermediate tempering at 650°C for 1 hour precipitated coarse
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M3C, M?C3 and M23C6 particles (ranging in size from 1500 & to 2000 A)

and lesser amounts of MOZC precipitates. These particles were con-

siderably refined (100 2 = 300 A) by the reaustenitization step at
850°C and were maintained as fine dispersions in the final microstruc-
ture. Although the transformation of the austenite after the reausten-
itization step to martensite should result in decreased twinning and
increased amounts of retained austenite (confirmed by transmission elec-
tron microscopy), due to decreased free carbon in the austenite which
elevates the Ms temperature, the loss in strength, which would be only
minimal, is outweighed by other factors. Lower free carbon in austenite
results in increased lath martensite and decreased twinning because the
critical resolved shear stress for slips is decreased below that of
twinning [61]. Conversely, the MS temperature 1s raised due to deple-
tion of solute elements (most of which are tied up with carbon as car-
bides), which decreases twinning [122]. However, the lath martensite
that results has a high dislocation density and the interaction of these
dislocations with dispersed carbide particles acts to multiply these
dislocations [123]. 1In addition, the fine carbides also contribute to
dispersion strengthening of the matrix. A heterogeneous structure of
lath martensite and fine carbides improves strength and ductility of
other steels [124,125] through both increased dislocation density and
dispersion hardening effects. Other relevant factors that improve the
strength are the decrease in the prior austenite grain size and lath
width for these modified heat treatments.

In general, the strength of tempered martensite can be considered

as the sum of grain size, precipitates, interstitial and substitutional
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solid solution effects, substructure (twins and dislocations) and Peierls
stress [126-129]. Peierls stress, which is the stress required to move
a dislocation through an otherwise perfect lattice can be estimated

i

based on a sinusoidal force [130] relation which yields a value of 10 G,

4 2)_ The actual experimental

where G is the shear modulus (=8.294 x 10 MNm
values were reported to be between 13.78 MNmm2 and 55,11 MNm_2[116,l31,
132] and even if the higher values are taken, this would be still a

small contribution to the yield stress. The contributions from intersti-
tial and substitutional solid solution strengthening can also be evalu-
ated. The equilibrium carbon content of 0.01% would yield about 1.378 x
102 MNrn‘2 to the yield stress, as per the calculations of Cox [ 1533 )=

For a partial precipitation of cementite, the amount of free carbon in

solution can be estimated using the formula:

% free C = Eiflﬂfi x total % C (5.1)
v

where B is the maximum volume fraction and fv is the experimentally
determined volume fraction. The hardening due to carbon in interstitial
solid solution is almost linear and increases at the rate of 4.429 x

103 MNm“2 per percent of carbon. In all the heat treatments studied,
the final tempering temperature was 280°C and the cementite precipita-
tion appeared complete. In the case of the modified heat treatments, a
part of the carbon was associated with metal carbides, but still the
precipitation of all carbides appeared complete. Even if 10% of the
carbon remained uncombined, the increase in strength would be only

48.22 MNm_z, corresponding to a free carbon content of 0.042%
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v x 0.42)] , which is an exaggerated estimate, since the

v
residual carbon in solid solution in tempered martensite is usually less
than 0.02% [137].

Lacy and Gensamer [134] have studied the effects of several sub-
stitutional elements on the yield strength of iron and for only those
elements present in 300M steel, if the effects are taken as additive,
the maximum contribution would be about 2.518 x 102 MNm_z, which would
remain constant, if the solute distribution does not vary much upon tem-
pering. In the present investigation, even for the modified heat treat-
ments, the variation would be within limits after final tempering at
280°cC.

The major substructural changes for the various heat treatments
studied were in the amounts of lath and plate martensite. As explained
earlier, twinning provides a strengthening effect [113]. However Speich
and Swann [116] based upon their study of Fe-Ni martensites concluded
that this strengthening effect due to twins would approximately balance
that lost due to decreased dislocation density associated with plate
martensite. These and other investigators [50,87,114,133] have reported
a total contribufion to the yield strength, due to substructural effect,
to be between 68.89 MNm_z and 20.67 MNm_z, the higher value correspond-
ing to the as-—-quenched state and the lower value referring to the tem-—
pered state. Work hardening also contributes to the yield strength
[135]. For strains of 0.001-0.002, Smith and Hehemann [136] reported

maximum values of about 82.67 MNm_z for 4340 steel. 1In the present
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investigation also, strain hardening was similar to those reported by
Smith and Hehmann for strain ranges between 0.001 and 0.002.

Thus, contributions to yield strength from Peierls Stress, solid
solution, substructural and work-hardening effects would amount to a
maximum of about 7.822 x 102 MNm_z. Changes among different heat treat-
ments with respect to any of these factors are slight and hence would
not affect the yield strength significantly. Two other factors that
account for a major part of the strength are dispersion strengthening
from carbides and grain size effects.

The presence of fine carbides in tempered martensite has been shown
to contribute a significant part of strength [126,129,135,138-140]. For
an array of undeformable, incoherent precipitates, dislocations would
loop around them and not cut through them, under the action of stress,

and the yield stress (Uys), according to Orowan [141] could then be

expressed as:

_ 4T
0ys % " 5d

(5.2)
where, Gs is the yield stress of the matrix without the precipitates,
but inclusive of solid solution strengthening, T, the line tension of a
dislocation, b, the Burger's vector of a slip dislocation (= 2.48 ﬁ)’
and d, the interparticle spacing of the precipitates in the slip plane.

The line tension {T) of a dislocation at critical bowing is approxi-

mately equal to:

Gb [, 1 d
7 [2(1 ¢ v)] i (%) (5.3)
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where G is the shear modulus (=8.294 x lO4 MNm_z for iron) and v is the
Poisson's ratio [142]. Substituting for T, oys can be rewritten as:
G =0 + 4aGbd! (5.4)
ys s
where,
o i) & 1 _d
a_ﬁ[2(1+1—\;):| Rn(Zb) (5:5)

Assuming that after final tempering at 280°C, only equilibrium content
of carbon (0.001%) remains in solution, the interparticle spacing could

then be calculated from:

(%)2=(§—2) (5.6)
where r is the mean particle radius and f is the volume fraction of
carbide. 1In the case of the modified heat treatments, although epsilon
carbide precipitation was observed extensively within large laths, the
predominant carbide was cementite with a typical size of 200 A. The
theoretical volume fraction of cementite can be estimated as shown 1in
Appendix IV, the actual value corresponding to 0.063. The average par-

ticle size taken as 200 A would then yield an interparticle spacing of

Q
797 A, Substitution of this value in Equation (5.5) yields a value of
0.504 for a. The contribution to yield strength from this dispersion

strengthening effect would then be equal to 40Gb/d from Eguation (5.4),
the numerical value corresponding to 5.203 x 102 MNm_z.

For the modified heat treatments, the amount of Mo _C precipitates

2

was insignificant and chromium carbides were present both as (Fe,Cr)7C3
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and (Fe,Cr) and the remaining carbon was assumed to be present in

23%
the form of cementite. This assumption would yield a higher volume frac-
tion of precipitates in the steel than if M02C and Cr7C3 were to be
present. On this basis, the volume fraction of the various precipitates
can be calculated (Appendix IV) and the total volume fraction of the
precipitates was estimated to be 0.075, giving the interparticle spacing
as 730 A, The value of a in Equation (5.5) would then be 0.495, which
in turn would contribute approximately 5.581 x 102 MNm_2 to the total
yield strength. When compared with the non-modified heat treatments,
this increase is only 37.8 MNm_z. This value was calculated based upon
the optimum conditions for strength improvement. The actual increase
depends upon the exact value of the volume fraction of the precipitates
in the steel.

Strengthening by grain refinement was first predicted by Hall [143]
and Petch [144], based on the hypothesis that planar obstacles like
grain boundaries constitute a barrier for dislocation movement. By
cyclic heat treatment procedures which refine the prior austenite grain
boundaries, Grange improved the strength of various steels possessing

different structures, including tempered martensite [24,46]. The con-

stant K in the Petch relationship viz.:

|
Rl

0=0_ + Kd (5.7)

)
where, 0 is the flow stress, 9 is the friction stress and d is the

the

3

grain diameter, was shown by Dieter [140] to be related to Gc
critical stress at the head of a pile-up to initiate yielding, by the

equation:
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1
8Gboc 2
where, G, b and Vv carry their usual meaning. The stress GC depends upon

the material, type of boundary (grain boundary or subgrain boundary) and

relative orientation of boundary and slip plane. Values ranging from

-3/2 -3/2 ¢

approximately 0.6044 MNm for grain boundary to 0.2747 MNm or

subgrain boundary have been reported by several investigators [136,147-

149]. Assuming a value of 0.6542 Ml\]mmB’}r2 for K, as reported by

raf=

Grange [24], the value of Kd in the Hall-Petch equation becomes

2.067 x 10> MNm 2 for d = 10 um, 1.688 x 102 MNm 2 for d = 15 im,

1,461 % 107 w2 fo8 4 = 20 i, 73.07 MNH 2 for & = 80 i and

44 .06 l\’INm_2 for d = 220 uym, corresponding to various heat treatments
studied in this investigation. However, the variation 1in the experi-
mentally measured yield strength did not change in accordance with these
predicted values. Secondly, the contribution to yield strength should
be higher than the predicted values. The discrepancy can be accounted
for by considering the cell size (the average size of a substructural
unit) and not the prior austenite grain size, as proposed by Langford-
Cohen [150]. Their model assumes that dislocation sources in the cell
walls are activated more easily than at grain boundaries and the stress
required to expand dislocation loops across the cell constitutes the
hardening observed in tempered martensite and bainite structures. The

flow stress according to this model can be written as:

O=0 +Kd_] (5.9)
o
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where, d 1s the cell size and K, the work required to generate the dis-
locations. Assuming a value of K = 5.9Gb (= 1.214 x 10_4 MNm_l),
according to Langford-Cohen, and the cell size to be the average width
of the laths which was about 0.3 um for all heat treatments (except the
modified and cyclic heat treatments, for which it varied between 0.25 um
and 0.3 pm), the factor Kd_l then becomes 4.046 x 102 MN\:H“2 (and
4.855 x 102 MNm_2 to 4.046 x 102 MNm_2 for modified and cyclic heat treat-
ments) .

Adding the contributions from dispersion strengthening and grain
size effects, the calculated yield strength values range from

3

1.707 x 10 MNm_2 for the non-modified heat treatments to 1.826 x 103MNm_2

for the modified and cyclic heat treatments. The experimentally deter-
mined values ranged from 1.621 x 103 MNm_2 to 1.766 x 103 l\‘INm_2 for the
various heat treatments, except for the step heat treatment, which
yielded 1.494 x 102 MNm_z. The calculated values are slightly higher
than the experimentally determined values for the corresponding heat
treatments. The agreement otherwise is close indicating the applicabil-
ity of the various models discussed for these heat treatments. The loss
of about 127 MNm_2 in the case of the step heat treatment is directly
attributable to the increased amounts of segregated impurities and
alloying elements per unit grain boundary area as explained earlier.
This loss is balanced in the case of the modified step heat treatment

by the greater dilution of segregates at the prior austenite grain
boundary and the final values are in fact higher for the modified heat

treatments due to the dispersion strengthening and lath refinement

effects.
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The ultimate tensile strength of the various heat treatments varied
only slightly but these variations were consistent with the changes in
the yield strength for these heat treatments. Exceptions were the step
and modified step heat treatments which exhibited lower values. The in-
creased concentration of segregation at the grain boundaries should
lower the overall work hardening rates for these heat treatments some-
what and the decreased ultimate tensile strength values are a direct
consequence of this. For the other heat treatments work hardening rates
that were obtained were almost similar and thus the ultimate tensile
strength values were also similar.

Ductility variations, measured in terms of tensile elongation and
reduction in area, were consistent with microstructural variations for
the various heat treatments. Test conditions that affect ductility
(temperature, strain rate, etc.) were constant for all the heat treat-
ments. As shown by Carreker et al. [151], ductility increased with de-
creasing grain size, probably due to the small increase in strain harden-
ing rate with reduced grain size. Local composition variations can have
a deleterious effect on ductility [152] and the decreased ductility in
the case of step and modified step heat treatments is attributed to this
segregation effect. Second phase particles also affect ductility. While
Gensamer [153] found a decrease in ductility as the interparticle spacing
decreased, Edelson and Baldwin [154] concluded that ductility is only a
function of the volume fraction of the second phase particles and not
the nature (hard or soft), shape and size of particles, because ductil-

ity was controlled by the ability of particles to concentrate strain
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locally in the matrix between particles, thereby allowing fracture

to occur earlier than if the strain distribution were homogeneous.
However, particle shape has been shown to be a major factor in deter-
mining ductility [155] and also within a class of alloys with similar
structure, as in quenched and tempered steels, ductility was found to
be strongly dependent on both interparticle spacing [156] and volume
fraction [157], with a decrease in the former and an increase in the
latter leading to increased ductility. Fine precipitates may act as
sources of fresh mobile dislocations in situations where immobility of
dislocations causes brittleness, thus contributing to the improved duc-
tility of the modified heat treatments. The theoretical analyses of
Gurland [158] and Ashby [159] also indicate that ductility increases
with decreasing particle size. The nature of the particles is also
important, in contradiction to Edelson and Baldwin's conclusions. If
the particles are weaker than the matrix, ductility would decrease due
to their ease of deformation. If they are hard and tough and do not
deform easily, they may improve the ductility (if numerous and small).
However, if coarse, they may decrease ductility [160]. The present re-
sults have shown that the major factor in determining ductility 1is the
prior austenite grain size, with decreasing grain size resulting in in-
creasing ductility, by slightly increasing the work hardening rate and
changing the strain distribution in the matrix at the grain boundaries.
In the case of the modified heat treatments, ductility improvement can
be partly attributed to the role of second phase particles (size,

shape and volume fraction of carbides).
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5.1.2. Impact Properties. The Charpy V-notch toughness consis-

tently dropped as the plane strain fracture toughness (KIC) and dynamic
fracture toughness (Kld) increased. Various investigators have ob-
served this trend for Ni-Cr-Mo-V, Fe-Cr-C, EN 25, 4340 and 300 M steels
[4,12,19-21,161-164]. The best explanation for this apparent paradox

was proposed by Ritchie [165] who suggested a model based on notch root
radius effect. While the increase in KIc and KId (sharp crack toughness)
can be associated with an increase in the characteristic distance ahead
of the crack tip (usually related to the major microstructural feature
controlling fracture, like the void size), the decrease in CVN toughness
is associated with a decrease in critical fracture stress, for stress
controlled (intergranular and quasicleavage) fracture and fracture strain,
for strain controlled (microvoid coalescence) fracture. Fractography
results showed that the predominant fracture mode for all the heat treat-
ments was microvoid coalescence and so the latter model could be applied.
Considering stress controlled fracture first, critical fracture will

. . . m. .
occur when the maximum principal stress,oyy 8% at the notch tip exceeds

max

the fracture stress, O For the CVN specimen, O is located near
Ve

£
the elastic-plastic interface at a distance r from the notch tip.
According to slip line field theory:

max
ny = Oys [1 + 2&n(1 + r/p)] (5.10)

where Gys is the yield strength and p, the notch root radius. For the

critical plastic zone at failure, of size r_ , we can write:

2

r. = 0.12(KAKGYS) (5.11)
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where KA is the apparent fracture toughness. Combining Equations (5.10)

at failure, we get:

and (5.11), and substituting nymax equals O¢

1

1
- = = 11%p* .12
K, = 2.9 oys[exp(offcys 1) - 1]% (5.12)

Below a certain critical radius po, KA becomes independent of p and

has the same value as KIc (see Figure 5.1) and hence KIC (or K d) can

I

be written as:

=

2
s (5.13)

[N

K (or K

Ic Id) ~ 2.9 crys [EXP(Uf/O’ys -1) - 1]

po is the measure of the characteristic distance 1, over which Gf
should exist to cause failure and is related to the microstructural
feature which controls the fracture like slip or twin band spacings,
grain size or inclusion spacing [166,168]. The minimum distance from
the notch where the critical fracture event can occur is given by % and
: max . y
only in the case of sharp notches where ny is close to the notch tip
s G max . ;
1s 1t important. Ahead of a blunt notch, Oyy is located at, or just
behind, the elastic-plastic interface [169] and at failure, fracture
events occur at distances much larger than 1 from the notch tip. As

the austenitization temperature is raised, O_ decreases due to impurity

f
induced grain boundary embrittlement [15]. Although segregation de-

creases with increasing austenitization temperature, the concentration
of segregates/unit grain boundary area may be more because of a reduc-
tion in grain boundary area. 1In the case of step heat treatment, this

will be even higher. The situation is schematically explained in

Figure 5.2.
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870°C

1200 °C
(or 1200/870°C)

.

Apparent Fracture Toughness (Kp)

J
[Notch Root Radius (p)] /2

Figure 5-1: RELATIONSHIP BETWEEN APPARENT FRACTURE
TOUGHNESS AND NOTCH ROOT RADIUS AS A
FUNCTION OF AUSTENITIZATION TEMPERATURE
[165] -
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For strain controlled fracture, the extensional strain € must
exceed the critical fracture strain € and toughness KA can be ex-

pressed as:

| %
KA~(2 crysEef) 0 (5.14)

where E is the elastic modulus. As before, below a critical Pys
3 2
K = (-2-0 Eeg.)" p (5.,15)

where Py is the measure of the characteristic distance (like interpar-
ticle spacing) over which the critical strain should exist to cause
failure. For blunt notches, with higher austenitization temperature, as
ductility decreases, KA also decreases.

Cyclic heat treatment resulted in maximum ductility and this was
reflected upon the CVN toughness which was highest when compared with
all other heat treatments. High temperature heat treatment resulted in
a higher CVN toughness than the step heat treatment. The lower concentra-
tion of segregation at the grain boundaries for the high temperature heat
treatment when compared with the step heat treatment explains this slight
increase in the impact toughness. The modified conventional heat treat-
ment resulted in higher ductility than conventional heat treatment, but
the CVN toughness was the same for both the heat treatments. The in-
creased ductility may not have been sufficient to significantly increase

the CVN toughness. The modified high temperature and modified step heat

treatments also improved ductility of the corresponding non-modified heat
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treatments and this was consistent with the observed increase in the
impact toughness.

The fracture propagation energies were unchanged for all heat
treatments, except for the cyclic heat treatment, which resulted in
slightly higher and the step heat treatment, which yielded a slightly
lower value. The CVN toughness changes were due chiefly to changes in
the fracture initiation energies (FIE). The above models which rely
upon critical fracture stress or strain criteria take into account only
the initiation and not the propagation. After crack initiation and once
a sizable crack begins to run, the rate effect takes over. The stress
level induced in a neighboring grain by a running crack is much higher
locally than for a stationary crack [281] and many more grains will
cleave, as was confirmed by fractography studies for all heat treatments,
rather than continuing to deform plastically. The process of fracture
becomes catastrophic and even large reductions in applied load (or in
the stress level of the region of fracture) will not stop the crack from
running once it acquires enough speed. Hence, the crack propagation for
all the heat treatments was not affected by microstructural variations,
resulting in similar propagation energies.

Other parameters that were measured during impact testing, viz.,
specimen deflection at yield, apparent yield strength and dynamic frac-
ture toughness, all changed predictably with heat treatment. Specimen
deflection, which is an approximate measure of ductility, was highest
for conventional, cyclic and modified heat treatments, whose grain sizes

were fine. The reasons for the variations in ductility for the various
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heat treatments have already been explained. Apparent yield strength
varied in a similar manner as the actual yield strength. Dynamic frac-
ture toughness, generally defined as the crack resistance beyond the
point of instability, was measured using the maximum load values in the
load-deflection curves. The variation in this parameter generally
followed the same trend as the plane strain fracture toughness. Cyclic

heat treatment resulted in unusually high K_., values and likewise, high

Id
temperature heat treatment yielded lower values. While it is difficult

to explain this behavior, K values measured from Charpy tests are only

Id
approximate at best [23] and even slight deviations in load measurements
from the instability point yield very erroneous results. For instance,
if the instantaneous energy release rate is calculated close to the
static equivalent, the energy value is exaggerated. If the energy 1is
measured near the arrest point, the measured toughness is lowered, since
the arrest value is lower than the crack resistance and depends upon the
crack size and speed. In general, however, K behavior followed the

Id

KIc trends to be discussed next.

5.1.3. Plane Strain Fracture Toughness. For fracture by microvoid

coalescence, the elastic strain distribution ahead of a crack tip was

used by Krafft [170] to relate fracture toughness to inclusion spacing,
assuming that voids nucleated at inclusions. Although in this investi-
gation, the voids were nucleated not only by inclusions but also by car-
bide particles, the Krafft model is still applicable, because, it involves

only interparticle spacing d. Thus if €; is the uniform elongation strain



212.

at the instability of a tensile specimen (which is equal to the strain

hardening exponent n) then,

En y2md

E €, 2md ' (5.16)

ol
Il

L

where, E is the modulus of elasticity. This equation predicts that for
materials with similar modulus of elasticity and strain hardening rates,
KIc increases with interparticle spacing. Rice and Johmson [171] showed

that the strain distribution can be approximated by:

0.448¢
£ = ——=-0.23
B X
0.22 k{2
ys

where, Gt is the void width, equal to d for spherical voids, KI is the

stress intensity, O 5 is the yield stress and x is the distance from the
b &

crack tip. At x = d, Ey = Efw (the fracture strain at the crack tip),

and the fracture toughness according to Schwalbe [172] is then given by:

g 1
K. = [4.55 (e, + 0.23)E o__ d]? (5.18)
T'c £ vs
When St = d (for large dimples),
1
K. = (2260 _d)° (5.19)
Ic ys

For finer dimples, 6t > d and the above equation has to be modified.
A semi-empirical expression for KIC was derived by Hahn and Rosen-
field [173], who used a linear strain distribution in the plastic zone

and showed that
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3

1
2

{5:20)

K. = SI2E 0 € “(n? + 0.005)10"°]

Ic f

For fracture by cleavage or quasicleavage modes, Hahn and Rosenfield
[174] showed that:

KIc = O‘SS(GCQ - cys) (5.21)

A slightly modified version of the above equation is [175]:

2

ag
R, waildd ( = ) (5.22)

Ie o™ N2.35

The cleavage stress O is mainly dependent on the grain size. Another
c

L

model of Wilshaw et al. [160] gives the relationship between KIc and

ag as:
chl

B
-

_ _ _ H
Kio = 2.89 Oys [exp(ocgfcys 1) 1] o (5.23)

where DO is the effective root radius and is a measure of the extent of
the process zone over which Gcl has to exceed Gys for fracture. A simple

variation of this model yields [172]:
Ocf
Ky, =30, VD (-——~) (5.24)

Examination of Equations (5.16) through (5.19) for ductile fracture pre-
dicts that as the interparticle spacing increases, that is, as the void
size increases or the void density decreases, l(IC should increase. From

the fractographs of KIC specimens, for the high temperature heat treat-

ment, the void size was higher than for the conventional heat treatment.
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Although quantitative estimates were not made, these voids were on an
average three times larger than for the conventional heat treatment.
Assuming that all the other factors are constant, KIc should then in-
crease by ¥/3 times (that is, from about 56 MNm_3/2 to 97 MNm_BKZ), which
is in close agreement with experimental results. Cyclic heat treatment
resulted in slightly finer voids than conventional heat treatment and
this is reflected in the slight drop in the KIc value. Step heat treat-
ment, although resulting in similar sized voids as in the case of the
high temperature heat treatment, resulted in an intermediate KIc value of
about 79 MNm-BXZ. This suggests that apart from the simple relationship
between void size and KIc’ predicted by the above equations, other micro-
structural features are important. Similarly, for the modified heat
treatments, although the void sizes were much smaller than for the con-

ventional heat treatment, the K values were much higher. Thus, the

i¢
above equations have to be applied carefully when predicting KIC values.
Often other microstructural changes will strongly influence the fracture
toughness. For step heat treatment, quasicleavage was also very pro-
nounced. For conventional, high temperature and cyclic heat treatments,
this mode was also observed but not so pronounced. When fracture occurs
by cleavage or quasicleavage, Equation (5.24) predicts that KIC varies
as the cleavage stress and the grain size. The factor (OCQXUYS) was

introduced to account for temperature variation of Uc At a given

%

should be dependent

temperature, taking O g to be a constant, K
o s & c£/ ys i

directly on the cleavage stress, for constant grain size. Segregation

associated with step heat treatment should lower o, which explains the

R,!
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intermediate KIC value. The smaller grain size and segregation potential
of conventional and cvclic heat treatments reduced their fracture tough-
ness below the value obtained for high temperature heat treatment. How-
ever, for the modified heat treatments, these simple equations cannot

predict the higher K & values obtained, unless the factors that elevate

I

0 , are accounted for. Furthermore, quasicleavage failure mode was not

cl

the major mode of failure for the modified heat treatments. If the Hahn

and Rosenfield relationship is considered [Equation (5.20)], it is clear
%

that K. wvaries directly as the fracture strain at the crack tip, €

Le

and the strain hardening exponent n. Both of these should be substan-

tially higher for the modified heat treatments. While €f“ cannot be

directly estimated, the small increase in n between the modified and the

non-modified heat treatments cannot account for the increased KIC values.

"

r

Reasons for the increase in Ef (or, conversely, the fracture stress)
will now be discussed.
For fracture by microvoid coalescence, since KIC varies as y¥d ,

where d is the interparticle spacing, it should be affected by the volume

fraction v of the second phase particles, since,

1

a=2l5> Q1 -v)] : (5.25)
where, r is the particle radius [148]. When the volume fraction in-
creases, this equation predicts a drop 1in KIc’ which was verified for Al
alloys [176-177] and steels [178-179]. 1In all these investigations, KIC

increased as a function of material purity (that is, increasing inclusion

distance, where inclusions were the major source of voids). However,
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the type, size and distribution of particles are also equally important.
Dimple size and particle spacing may not be directly related, especially
when there are different types of particles. Burghard [180] has shown
that dimples could be larger than particle spacing when only a certain
fraction of particles in the material contributes to the fracture process.
Also, the plastic strain necessary to fracture a particle increases with
decreasing particle size. In fact, particle size reduction without chang-

ing volume fraction can cause an increase in K s in spite of decreasing

I
interparticle spacing [181], because of the better resistance of smaller
particles. The type or nature of the particle is important because
ductility will be higher, the tougher the second phase particles and the
better the bonding between these particles and the matrix [182]. Shape
will also be important and Gladman et al. [183] showed that for steels,
plate shaped or elongated particles were more detrimental than equiaxed
or spherical ones.

Retained austenite is advantageous to the fracture toughness of
quenched and tempered steels [4,7,9,10,75,76,184-187]. According to
Antolovich et al. [188], the fracture energy (GIC) (per unit area of

crack extension) of steels with structures consisting of two phases with

different properties can be regarded as the sum of the fracture energies,

Glc.l and GIc.Z’ of each phase according to:
G. = - :
Te Glc.l(vl) + GIc.Z(l vl) (5.26)
where, v. is the volume fraction of phase 1. Hence, KIC can be written

1

as:
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For the specific case of retained austenite in martensite, they calcu-
lated theoretically the fracture energy of austenite to be about nine

; ; -1 -1 ;
times that of martensite (2.94 MNm to 25.2 MNm “). For the high tem-
perature heat treatment, retained austenite was qualitatively estimated
as 8%. Substituting v

= 0.92, K _ should increase by about 15% over the

1 1

conventional heat treatment. Similarly, for the step treatment, it
should increase by 12.67% and for the modified conventional, modified

high temperature and modified step heat treatments, respectively by 9.6%,
20.7% and 20.7%. The actual increases are more than these predicted
values but the amount of increase due to retained austenite alone can be
estimated as above. A theoretical explanation for the improvement of KIC
by retained austenite can also be envisaged following the model of
McClintock and Irwin [189]. The harder phase (martensite) representing
the bulk of the material provides high strength whereas the softer phase
serves as energy absorber during crack propagation. For simplicity,

considering mode III crack opening (since a simple solution for plastic

deformation work W has been derived by McClintock and Irwin),

2 2

W=%’—n(g—) o (5.28)

2
m
4u Ty

where, Ty is the shear stress ( = GySIZ), w, the length of the plastic

zone and U, the shear modulus. Because of the different yield stresses

of both phases, two plastic zones have to be distinguished. If v
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designates the volume fraction of the soft phase, the contribution of
the hard phase to plastic work at a given stress intensity is given by:

_— c —_
Wl = m(l v) (5:29)

and that due to the soft phase is given by:

Cc
W = — v (5.30)
2 (Uys.z )

where, ¢ 1s a constant and O and O are yield stresses of the hard
ys.1 ys.2
2

and soft phases respectively. Taking Oys 1 to be at least 1378 MNm ° and

Uys , to be 276 l*‘[Nm_2 [186], if v is 10%, W, the total plastic work (= Wy

+ wz) is given by:

B o 0.9 . 0.1

1.9 x 106 7.62 x 104

¢ % 1079 (0.47 + 1.31) (5.31)

1l

This indicates that in spite of this small amount, austenite can contri-
bute about three times more to the plastic work than the hard phase does.
In other words, when the failure mode is predominantly void nucleation
and growth and when retained austenite 1s present, an additional increment
of plastic work must be done if the voids in the martensite are to link
up. Thus retained austenite limits the nucleation of emissary cracks
ahead of the main crack front and the material is effectively toughened.
Qualitative explanations have also been put forth by Webster [190]

who attributes the improvement in toughness by retained austenite to its
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crack arresting ability. By high magnification movie techniques, he
observed that cracks propagating through martensite were stopped upon
intersecting a region of retained austenite. With further loading, the
cracks branched and grew around the austenitic area. This crack motion
necessarily involves more energy absorption than straight propagation
through martensite plates.

Koo et al. [185] proposed that the presence of a highly coherent
retained austenite-lath martensite interface prevents the formation of
brittle carbides and disrupts the continuity of cleavage planes across
various laths in a packet. Thomas and Rao [68] proposed that
the austenite/martensite boundary is highly coherent. In the absence of
austenite, adjacent laths impinge laterally to form a rotation boundary,
creating high energy interfaces for crack propagation and/or segregation
and precipitation. The above explanations assume that retained austenite
is stable. 1In the present investigation, retained austenite was ther-
mally stable up to 280°C (the final tempering temperature employed).
However, no attempts were made to verify the mechanical stability.

Even if the austenite films are assumed to be mechanically unstable, it
is still possible to achieve toughness enhancement. Studies by Gerberich
et al. [191] and Antolovich et al. [192] indicate that about five times
more energy 1is absorbed when austenite is converted to martensite by a
strain (or stress) induced transformation, than for the plastic deforma-
tion of a stable metal matrix. Another indirect benefit of retained
austenite is its ability to dissolve large amounts of interstitial and
substitutional elements which would prevent the formation of brittle lath

boundary carbides.
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Increased amounts of retained austenite for high temperature and
step heat treatments are due to the increased MS temperature (due to the
larger grain sizes obtained by austenitizing at high temperature). The
grain boundary atoms are relatively stable to martensitic transformation
because they are free from restriction by neighboring atoms and tend not
to take part in the coordinated atom movements of such transformations.
Also, the lattice defects near the grain boundaries can migrate to the
boundaries and disappear decreasing the number of nucleation sites [193].
Hence, the Ms temperature should decrease with decreasing grain size. On
the contrary, several investigators have experimentally observed an in-
crease 1in Ms temperature with higher austenitization temperatures for many
steels including UHSLA steels [4,61-64,194-202] and attributed this to the
increase in the number of frozen-in vacancies with higher quenching tem-
perature (and hence increase in the number of nucleation sites), a larger
thermal strain with increased quenching temperature and the reduction of
energy needed for complementary shear during transformation, which origi-
nates in the elimination of lattice imperfections due to heating to a
higher temperature [193]. As opposed to the general stabilization of aus-
tenite by finer grains [196,198,199], in this investigation additional
retained austenite was obtained for the coarser grains. Most of the
qualitative TEM estimates of retained austenite also point to increased
amounts of retained austenite with increasing austenitization temperatures
[3-5,7,9,10,19]. ©Lai [203] attributed this increase in retained austen-
ite as being a direct consequence of the increased amounts of lath marten-

site. The growing martensite laths, during the austenite-martensite
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transformation induce a compressive stress on the untransformed austenite.
Since approximately 3% volume expansion is involved when austenite trans-
forms to martensite, this compressive stress would stabilize the austen-
ite.

For the modified, high temperature and step heat treatments, the
structure was predominantly lath martensite. Lai's model for retained
austenite stabilization by laths can be applied for these heat treatments,

which would explain partly the improved K While the increase 1in MS

I¢
temperature for high temperature and step heat treatments has been ex-
plained earlier, the increase for modified heat treatments (fine grains),
which also increased the amount of retained austenite, cannot be similarly
explained. When the grain size increased approximately tenfold, the Ms
temperature increased only by about 10°C for 4340 steel [4]. For the
modified high temperature and modified step heat treatments, the grain

size increased only fourfold when compared with the conventional heat
treatment. Although actual measurements of Ms temperatures were not made,
judging from the amounts of lath martensite which resulted and the almost
total absence of twins in the modified heat treatments, it is estimated
that M5 temperature should have increased by at least 10°C. Only at

higher Ms temperatures can the critical resolved shear stress for slip be
below that for twinning (Figure 5.3), producing dislocated lath martensite,
as opposed to twinned plate martensite [65]. This increase in MS tempera-
ture for modified heat treatments can only be attributed to the lowering

of free carbon content of austenite by precipitation of carbides during

the intermediate tempering step. It was shown earlier that even if a
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0.075 volume fraction of carbides were formed, the carbon content would
decrease to the equilibrium value of 0.01%Z in the ferrite. From the

approximation for M. temperature [204], viz.:

MS(°C) = 561 = 474C - 33Mn - 17Ni - 17Cr - 21Mo (5.32)

even if the free carbon content were decreased by 0.1%, the increase in

Ms temperature could be as high as 47.4°C. But, the final reaustenitiza-
tion temperature at 850°C would dissolve most of the carbides and hence
the actual drop in free carbon content would be much smaller, of the order
of about 0.02% to 0.037% corresponding to about 10°C to 15°C.

Other microstructural features that could influence the toughness
are the twin density and lath/packet size. No quantitative estimates of
the effects on KIc with twin density are available. However, qualitative
explanations have been proposed by many investigators [63-65,94,113].
Kelly and Nutting [113] showed that the number of available deformation
systems is decreased by a factor of four for twinning and this results in
an increase in strength and a concurrent drop in toughness, Also, the
twin boundaries, when decorated with carbides, as was often the case in
this investigation, act as strong barriers for the movement of disloca-
tions and the pile-up of these dislocations at these boundaries lead to
crack nucleation [94]. It was also suggested that the mode of deforma-
tion of twinned martensite is likely to be mechanical twinning rather
than slip [64,65] and the subsequent intersection of transformation and
deformation twins leads to microcracks [63]. All these would lower the

fracture toughness of the steel and hence the improvement in KIC of the
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high temperature, step and modified heat treatments, could be partly
attributed to the reduction or elimination of twins. In this study, for
the step heat treatment, the twin density was observed to be higher
than for the high temperature heat treatment but still lower than for
the conventional heat treatment. The reasons for this were already
discussed in Section 4.2.3.2. This is consistent with the resultant
intermediate fracture toughness.

A reduction in both lath width and packet size has been shown to
increase toughness by Naylor [114] and Roberts [117]. For the propaga-
tion of a crack of critical length ¢, the fracture stress O may be

written as:

o, =(_“+ E ‘f)E (5.33)

C

according to the Griffith-Orowan relationship [205], where, E is the
Young's modulus and Y is the surface energy. For propagation across a

grain boundary, this becomes:
1.4 E y\2
B =(—Y )2 (5.34)

where, d is the grain diameter and Yy, the effective surface energy will
encompass the energy for grain boundary tearing [206]. This formula
assumes that crossing the first grain boundary is the critical event

controlling © However, often, secondary microcracks can exist over a

£
few grains. Then, if the critical length for fracture involves n grains,

then:
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P =(E;E_E_I) (5.35)

B

nd

However, fracture along grain boundaries was only a small portion of
the total fracture in all the heat treatments. Hence, the packet diam-
eter d_ and the lath width ER should now be considered. When a crack

reaches a packet boundary, a major crack deviation is required and for

subsequent propagation across the boundary,

Yok ok 3
o =(—YP)2 (5.36)

dp

where, Yp is the energy needed to create a crack that will cross a pac-—

ket boundary. 1If the critical event involves n packets, this becomes:

nd

1

1.4 E

o =(—Yp) (5.37)
£ P

Major deviations between packets are created by the difference in orien-
tation of their groups of fracture planes permitting small angle devia-
tions between laths inside a packet, although the laths in any one packet
may adopt any of the six possible Kurdjumov-Sachs orientations (one {111}Y
plane resulting in one {110}&I plane, and one of three possible <110>Y
directions producing one of two possible <111>a, directions [58,87,116,
207-209]). Fracture will then continue by large angle deviations across
the first few laths of the neighboring packet until a group of fracture
planes is found that will allow small angle crack deviations. Hence,

Gp =xYy (5.38)
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where, x is the average number of laths per packet near a packet boun-
dary, where high angle deviations are necessary and YR‘ is the energy
needed to accomplish high angle crack deviations across these laths.
After undergoing these deviations, the crack will reach a critical length
L after which it will automatically propagate to the next packet boun-

dary. Using the approximation

- Sl (5.89)

where € is the lath width, O can be written as:

LATE ' \ 2
o, = —di (5.40)
n % &

The above equation predicts that a decrease in either lath width or packet
diameter or both leads to an increase in toughness. As an example, for
the modified heat treatments, when the lath width decreases from about

=32

0.3 um to about 0.25 um, 0_. should increase by about 5.5 MNm due to

Ik
this drop alone. However, dp also decreases and YR' the energy needed
to achieve deviations across the laths and L the critical length of the
crack should both increase. Hence, the actual improvement in KIC will
be much higher. Further, Yg will also increase because of increases in
dislocation density, precipitation hardening and decreased carbon in
solution. Qualitatively, the above equation predicts that major crack
deviations occur only at packet boundaries and due to the small angle

deviations across laths, a relatively straight fracture would occur across

a packet. However, finding another group of fracture planes involves
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plastic tearing at a certain number of lath boundaries and hence when
lath width decreases, this should constitute an increase in fracture

stress.

5.1.4. Mechanical Properties of Trial Heat Treatments. The be-

havior of trial heat treatments (Figures 4.4 - 4.8) is now explained.
Intermediate tempering at 650°C precipitated coarse M3C, M? 3 M2306
and MOZC carbides (ranging in size from 1500 A to 2000 A ). The size
of these precipitates depend upon both the tempering temperature and
the hold time. Since time was constant, the size is directly depen-
dent upon the temperature, with lower temperatures yielding finer size
and vice versa. After a 3 min. reaustenitization at 850°C, the precipi-
tate size was reduced to about 100 A to 300 &. This final size also
depends upon the temperature and time of reaustenitization. Since the
temperature was constant at 850°C, the size depends upon the time only,
with longer times resulting in total dissolution.

Precipitate strengthening depends upon the size, distribution and
coherency strains. Mott and Nabarro [210] developed theories for inter-
preting this strengthening effect and these were modified further by
Kelly and Nicholson [142] for predicting the strengthening behavior
throughout the size range. Qualitatively, the relationship between
strength, particle size and coherency strains is depicted in Figure 5.4.

Case*l: When the intermediate tempering temperature was 675°C, as
the reaustenitization time increased, strength continuously increased,
as a direct consequence of decreasing particle size. This increasing

strength with decreasing particle size is direct evidence that the
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carbides after 675°C tempering are large and widely separated, and can

be categorized as incoherent precipitates, wherein the mean particle dis-
tance between the particles is much larger than the limiting radius of
the dislocations. The dislocations can then bow out between the par-
ticles, leaving loops of dislocations around the particles. This Orowan
looping occurs because the size of precipitates is such that they can

not be sheared by dislocations crossing their slip plane. The yield
stress varies as 1/d, where d is the interparticle spacing, or, more

rigorously according to:

_ Gb d - 2r 1
TE T 2“( 7b )((d = 2r);’2) (5.41)

where, T 1s the initial yield stress of the alloy, Lo the yield stress
of the matrix, G, the shear modulus, b, the Burger's vector, r, the

particle radius and ¢ is given by:

9 = %<1 - v) (5.42)

where, Vv is the Poisson's ratio. Ductility also increased as the par-
ticles get refined at higher austenitization times [158,159], as already
explained in Section 5.1.1 and fracture toughness decreased with increas-
ing reaustenitization times, consistent with the decrease in strength.
Case+2: When the tempering temperature was 600°C, the strength
varied directly as a function of increasing reaustenitization time (and
conversely with decreasing particle size). This indicates that these

particles are coherent with the matrix and allow shearing by dislocations
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(deformable). Orowan looping does not occur because the stresses re-
quired to bend the dislocations around each particle are too high. In-
stead these dislocations are forced through the precipitates and the
yield stress 1s governed by this work done in forcing the dislocations

through the precipitates according to:

2 Gb3
™°d = Yp L b+ (bn)bYS +(~§—) cos? a (5.43)

where, T is the stress required to move the dislocation through the par-
ticle, b, is the Burger's vector, d, the interparticle spacing, %, the
mean thickness of the precipitate (= g%? , with r, the particle radius),
n, the unit vector normal to the precipitate-matrix interface, Yoo the
precipitate-matrix interfacial energy (including the energy of misfit of
the dislocation produced) and &, the angle between the moving dislocation
line and its Burger vector. The left hand side of the equation gives the
energy needed to move the dislocation through the precipitate. On the
right hand side, the first term represents the work done in disordering
the precipitate, the second term gives the energy for producing the addi-
tional precipitate-matrix interface area (and predicts that the resistance
to dislocation motion is dependent upon the orientation of the precipitate)
and the last term represents the energy for the dipole produced as the
dislocation moves through a distance b (which is the effect due to the
orientation of the dislocation in the matrix with respect to its Burger's
vector). Thus, the work done in forcing the dislocations through the pre-

cipitates (which governs the final strength of the alloy) is related to
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the coherency stresses, internal ordering of the precipitate and inter-
face effects. As the precipitate particles decrease in size, the inter-
nal structure and the nature of the interface are changed (with respect
to the matrix) and the work done in cutting the particles is decreased,
leading to lowering of strength. Also, the strains that can be accom-
modated at the particle-matrix interface are progressively reduced with
decreasing particle size (and decreasing volume fraction of the precipi-
tates), leading to lowered ductility, with increasing reaustenitization
times. Toughness consistently varied as an inverse function of strength
except in the initial region, where it decreased with increasing re-
austenitization time, as did the strength. This is because, for strain-
controlled fracture, where void size (which depends on interparticle dis-
tance and particle size) governs the fracture toughness (see Sections
5.1.2 and 5.1.3), up to the point where total dissolution of the finest
sized carbides occurs, the interparticle distance does not change appre-
ciably. However, the void size itself is reduced with decreasing carbide
size, lowering the toughness in this range.

Case+*3: When the intermediate tempering temperature was 650°C,
strength initially decreased and then increased to a maximum value cor-
responding to completely homogenized solid solution, with increasing re-
austenitization times. This clearly indicates that these precipitates
can be classified under the coherent or semi-coherent group, correspond-
ing to particles that are either sheared through by dislocations or
which allow Orowan looping or both. Strength was initially at a high
value, corresponding to the critical size and dispersion of the precipi-

tates. With initial increase in reaustentization time, strength
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decreased because the size is decreased (and the particles behave like
coherent, deformable precipitates). Ductility and fracture toughness
also decreased in this range as explained earlier for Case 2 precipitates.
However, subsequently, strength again increased, because of two reasons.
During the reaustenitization process itself, the movement of disloca-
tions become turbulent, since, interface dislocations are left behind at
the particles, or in the case of slightly oversized precipitates, dis-
location loops are left around the precipitates, due to bowing out. This
produces a high density of dislocations which resist the passage of fur-
ther slip, thereby forcing the dislocation to bow out between particles
and not shear through them. This corresponds to the situation explained
in Case 1 and, hence, size reduction results in strength increment. How-
ever, a second, more probable reason is the depression of Ms temperature
with dissolution of carbides, during the reaustenitization step, making
twinned plate martensite the favored substructure (for increasingly
greater dissolution of carbides). As explained in Section 5.1.1., the
strength loss due to decreased dislocation density by changing from dis-
located lath to twinned plate martensite is not compensated for by
strength gain associated with twins in the initial stages, due to a de-
crease in the number of available deformation systems, as postulated by
Kelly and Nutting [113]. However, with a greater reduction in the volume
fraction of carbides at higher reaustenitization times, the amount of
twinned martensite is substantial and the gain in strength far exceeds
the loss from the marginal reduction in the dislocation density. Con-
sequently, in this higher range, toughness decreased with increasing re-

austenitization time and ductility increased due to the associated reduc-

tion in particle size. The final values corresponded approximately to
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the values of the conventionally heat treated structure, indicating com-

plete dissolution of carbides.

5.2. Stress Corrosion Cracking Properties

5.2.1. Threshold Stress Intensity. The threshold stress intensity

is affected by the strength level, substructural effects, prior austenite
grain size, composition, type of enviromment, solution pH, etc. In all
cases, bulk composition of the steel was the same (but not the grain
boundary composition) and the type of environment and solution pH were
all maintained same. The effect of the other parameters upon KIscc will
now be discussed.

The dominant parameter in defining the susceptibility of high
strength steels to stress corrosion cracking is the strength level.
Several investigators [36,211-213], have studied the effect of strength
level upon KIscc of high strength steels and have reported a decreasing
trend in KIscc with increasing strength, up to strength levels of about
1515 MNm_2 (Figure 5.5). This has been related to the increasing hydro-
gen pick-up by the steel ahead of the crack tip due to the diffusion
gradient set up under the action of the hydrostatic stress. The con-
centration gradient of hydrogen ahead of the crack tip is directly re-

lated to the plastic stress field and from Hill's slip line field equa-

tion for plane strain conditions [214]:

o =8 [1 + (x/p)]

o = oys + 4n [1 + (x/p)] . (5.44)

o
o = —%5 + &n [1 + (x/p)]
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where, x is the distance ahead of the crack tip, p is the root radius,
Oys is the yield strength, and Os cy and o, are normal stresses in
the x, y and z direction respectively. If p is the stress tensor nor-

mal to the crack tip which constitutes the hydrostatic tension,

p=(0 +0 +0)/3 (5.45)
X y A

Substituting for Ox’ Gy and OZ from Equation (5.44),

ag
p =(—§i) + 2n [1 +(§)] : (5.46)

giving,

di:[—&J (5.47)
0+ x

Thus, as the yield strength is increased, the concentration gradient is
increased and, hence, more hydrogen pick-up will occur ahead of the crack
tip. However, beyond a certain level, no additional pick-up occurs due
to strength increment and this prompted some investigators to predict

an exponential relationship of K with strength [42,215]. Gerberich

Iscc

and Chen [212] derived a theoretical relationship between these two

parameters as follows:

C o
_ RT L ys
Iscc ~ Vg in (—CO) - (5.48)
i C
with, cr _ B (5.49)
Co Oys

where, T 1s the absolute temperature, VH’ the partial molar volume of

hydrogen, R, the gas constant, a, a constant (= 50.8 yYmm), B a constant
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dependent upon the material and environment (= 3169 MNm 2 for 300M
steel and 3.5% NaCl solution), Ccr’ the concentration of hydrogen in
the vicinity of the crack required to embrittle the steel (the critical

concentration), C the equilibrium concentration of hydrogen in the

0?
material and Uys’ the yield strength. The above equation predicts a

greater variation in K at lower values of yield strength and vice

Isce
versa. In the present investigation, the strength of the steel for the
various heat treatments studied varied between 1495 l*‘INrn_2 and 1729 MNm_Z.
In this range, consistent with the above arguments, KIscc should not be
affected by strength. Experimental results obtained in this investi-
gation revealed a higher Klscc for the modified conventional heat treat-
ment (with the highest yield strength) and no particular pattern with
strength for the other heat treatments. Thus, the variations in strength
did not affect the threshold values.

With respect to the martensite substructure, only limited informa-
tion is available. Wang and Staehle [108] reported a difference in
crack growth rates of quenched and tempered martensite and lower bainite
in a 0.4C1.8Ni steel, possessing the same yield strength and attributed
this effect to twins in martensite. Boniszewski et al. [216,217] showed
that in 1C9Ni steels, where it is possible to have both lath and twinned
martensites, twinned martensite is always more severely embrittled.
Watkinson et al. [218] also reported similar results. Twinned marten-
site, favored at lower transformation temperatures, leads to higher in-
ternal stresses [113]. Twinned martensite is indicative of an enhanced

temperature dependence of the flow stress in both martensite and austen-

ite [219]. Also, the dislocation density of twinned martensite is much
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lower than that of the lath martensite [220] and the presence of closely
spaced twin boundaries effectively inhibits dislocation movement [221])-
Twin boundaries provide neither many additional preferred sites for
hydrogen, nor a possible short circuit diffusion path. Combined with
high internal stresses and low dislocation mobility, the overall ten-
dency for embrittlement will be high [222]. Conventional heat treatment
resulted in a high twin density, followed by step and high temperature
heat treatments, with modified conventional heat treatment resulting in
only few twins. While KIscc also increased in the same order, it may
not have been entirely due to this effect, since the influence at best
may be only marginal [47].

All heat treatments, except the modified conventional heat treatment,
produced the same carbides. Cementite occurred predominantly, with epsi-
lon carbide present only in large laths. The carbide type could affect
stress corrosion cracking susceptibility [27,100,224). However, Ritchie
et al. [27] and Carter [29] did not observe any change in KIscc due to a
change in carbide type (epsilon carbide vs. cementite) in their study of
high strength steels. The important factor in determining whether the
carbide is an effective trap for hydrogen is its coherency with the lat-
tice. Thompson [225] showed that the interaction energy between hydrogen
atoms and a potential trap is determined by its coherency, with lower
energies (0.1-0.3 eV) existing for coherent precipitates (reversible
traps) and higher energies (0.35-1 eV), for incoherent, as well as semi-

coherent precipitates (irreversible traps). The metal carbides formed

during intermediate tempering of modified conventional heat treatment
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were semi-coherent (Section 5.1.4) and cementite is also incoherent.
Since the volume fraction of epsilon carbide was constant and small

(the coherent precipitate), and the total volume fraction of the car-
bides was almost the same for all the heat treatments, the stress cor-
rosion properties should not be affected by the carbide types for any of
these heat treatments.

The diffusivity of hydrogen is an order of magnitude lower in the
fcc structure of austenite than in the bect structure of martensite and
the solubility of hydrogen is also higher in austenite [226,227]. These
factors should combine to reduce the diffusion of hydrogen, as the amount
of retained austenite increases and thus improve the stress corrosion
cracking resistance. The amount of retained austenite transformed to
martensite during loading at low stress intensities is small, since the
plastic zone size (rp) ahead of the crack tip is small compared to the

grain size (d) and the distance to the nearest triple point, since

K 2
1 I
r = — —— -
b () 5.
where K1 is the applied stress intensity and Uys’ the yield strength.
For instance, at KI = 16.5 MNmmBlz, rp is roughly 5 um and, hence, over

twice this distance (er), the stress would exceed Uys’ making retained
austenite mechanically unstable in this region. Retained austenite
transformation ahead of the crack tip could liberate dissolved hydrogen
near the crack tip, which would be detrimental for stress corrosion
cracking resistance. However, this is significant only for the fine

grained structures. For structures with coarser grains, this distance
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is only a small fraction of the grain size and, hence, there could be
an improvement in KIscc with an increase in the retained austenite
amounts. For the high temperature and step heat treatments, this was
experimentally verified. For the conventional heat treat@ent, Klscc
was lower and, hence, the transformation of austenite ahead of the crack
tip could be significant. For the modified conventional heat treatment,
this loss was offset by other factors, to be discussed subsequently.
Prior austenite grain size is also very important in determining
the KIscc values, since the fractography studies suggest that the pre-
dominant failure mode was intergranular for all heat treatments (except
the modified conventional heat treatment, where a greater amount of
transgranular failure resulted). While McDarmaid [17] and Proctor and

Paxton [26] did not observe a grain size effect of K , Carter [29],

Isce
Lessar and Gerberich [32] and Dilip Kumar [33] all observed an increase
in KIscc with an increase in the prior austenite grain size. In this
study, except for the modified conventional heat treatment, increased
Kigeo Occurred with increasing prior austenite grain size. The pre-
dominantly intergranular failure mode obtained suggests that the grain
boundaries (which are already weakened due to the presence of segregated
elements) are the sites where the critical concentration of hydrogen
necessary for embrittlement is achieved first. The pressure-expansion
theory of Zapffe and Sims [229], developed further by others [230-233],
considers that very large hydrogen pressures generated in internal micro-

cracks and voids force their expansion either by plastic deformation

or cleavage, leading to coalescence of the microcracks or microvoids.
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The observed cracking of high strength steels by gaseous hydrogen at

5 R 2

pressures of about 108 MNm’-2 [234] and at about 1.3 x 10 [235]
cannot be explained by this thermodynamically motivated generation of
large internal pressures, because no equilibrium hydrogen activity

exists between the gas phase and the metal lattice, such that internal
hydrogen pressures, sufficient for lattice bond decohesion, can exist
within the steel. The decohesion theory of Oriani [236,237] considers
that at any stress state, a value of hydrogen pressure exists above

which it 1s possible to have hydrogen assisted cracking. Once this
critical concentration is achieved, the maximum cohesive force between
the iron atoms at the crack tip is decreased and the crack advances,

atom by atom. The discontinuous and jerky crack propagation noted in
actual crack measurement, fractography and acoustic emission studies in
this investigation, as well as by other investigators [32,238] is contra-
dictory to this postulate. Furthermore, it assumes decohesion to occur
within atomic distances of the crack tip surface, whereas, in many steels,
decohesion occurs deep within the plastic enclave. Petch and Stables
[282,286] assume that the surface free energy of an atomically clean
metal is lowered by adsorption of hydrogen and, thus, the fracture stress
is lowered. It may be argued that the idea that adsorption lowers the
energy required to create new surfaces 1s not necessarily linked to any
one mechanism for the generation of new crack surface and, hence, could
be applicable to a mechanism, involving the breaking of interatomic bonds
and one in which the new surface 1s created by plastic tearing. Also,

for materials with yield strength less than the theoretical cohesive

strength of the lattice, the effect of surface energy on the total
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fracture energy is negligible [97]. Again, the lowering of surface
energy by gas adsorption, implies that a higher heat of adsorption for
the gas species will result in a greater reduction of metal surface
energy. However, oxygen is known to adsorb on iron more strongly than
iron [283] and yet halts cracking in gaseous environments [234,284,285].
Other decohesion models [239-242] are based on the accumulation of hydro-
gen followed by a secondary crack nucleation at a region of maximum
triaxial state of stress and subsequent joining of the main and second-
ary cracks. These models do not explain how a microcrack (and the em-
brittled region associated with it) at a small distance away from the
crack tip can be responsible for intergranular separation, unless the
entire grain boundary is also weakened due to hydrogen transport, as
proposed by Richards et al. [243]. Also these theories utilize a stress
criterion, postulating that dissolved hydrogen in iron at sufficiently
large concentrations decrease the maximum cohesive force between the
iron atoms. Emphasis is thus on the shape of the cohesive force-dis-
tance curve, because hydrogen lowers the maximum force along this curve.
That the area under this curve 1s smaller when iron is in equilibrium
with hydrogen, than in the absence of hydrogen, is a thermodynamically
necessary consequence of the lowering of the surface free energy by
hydrogen but not a sufficient condition. However, the decohesion
theories stated above could be modified to explain the grain size
effect of KIscc as follows.

Rice [168,244] has calculated the location of maximum triaxial

stress ahead of a sharp crack approximately as ZGt (where Gt is the



crack tip opening displacement) from the crack tip. This distance can

be derived from the relationship:

0.5 K2
B BT (5.51)
t E Oyg
where, KI is the applied stress intensity, E, the elastic modulus and

Uys’ the yield strength. This relationship shows that this distance is
independent of grain size at a given stress intensity. The location of
maximum triaxial stress governs the region of accumulation of hydrogen,
but unlike Troiano's postulation [239] does not coincide with the nuc-
leation site of the secondary crack ahead of the main crack, because
there is a considerable distance beyond the point of maximum triaxiality,
where the actual stress exceeds Oys’ the yield stress (Figure 5.6).
Within this distance, depending upon the value of the stress, the hydro-
gen concentration will vary with position. However, this region is
weakened by the accumulation of hydrogen by the stress gradient. If,
for intergranular failure, at least a significant portion of the prior
austenite grain boundary is assumed to be weakened by the diffusion of
hydrogen, then this condition would be satisfied first for a smaller
grained structure (at a given stress intensity). For coarser grained
structures, the stress intensity has to be increased in order to weaken
the prior austenite grain boundaries to the same extent as for the finer
grained structures (in relation to the actual grain size). This ex-

plains why when the fracture mode is intergranular, K is higher for

Iscc

structures possessing coarser grains. However, the modified conven-

tional heat treatment, exhibited a significant amount of transgranular
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failure, despite the fine grain size. Kigee Va8 highest in this case
and this requires further explanation.

Segregation of impurity elements including P and S, to prior austen-
ite grain boundaries has an additive effect upon stress corrosion crack-
ing [245], by reducing intergranular cohesion. Yoshino and McMahon
[246] suggested that hydrogen is trapped at the grain boundaries due to
the presence of segregated impurity elements and this interaction of im-
purity and hydrogen atoms prevents hydrogen diffusion into the bulk.
Banerji et al. [238], through Auger electron spectroscopy of fractured
HY130 impact specimens, detected that temper embrittled specimens ex-—
hibited segregation of Si, P, N and Sn upon the surface of the grains
and that such specimens consequently failed intergranularly at low
stress intensities under about 2 x 108 MNm_2 of gaseous hydrogen. Their
work with 4340 steel also showed that segregation of P and N to the prior
austenite grain boundaries after one step temper embrittlement (OSTE) at
260°C is pronounced. Because commercial 4340 steel subjected to about
108 MNm_2 of gaseous hydrogen always (independent of OSTE) cracked inter-
granularly and high purity NiCrMoC alloy of the same basic composition
as 4340 steel cracked by cleavage and rupture under the action of hydro-
gen and then only at much higher stress intensities (the actual improve-
ment in the threshold value was about five times) and did not exhibit
OSTE, the authors [238] concluded that segregation of P (and N, wherever
applicable) is responsible for the susceptibility of 4340 steel to

gaseous hydrogen. Dautovich and Floreen [213] also noted an improvement

of KIscc with a reduction of S content of the steel and attributed this
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to the segregation of S to the prior austenite grain boundaries and its
ability to increase hydrogen intake. The driving force for this segrega-
tion of impurity elements to the grain boundaries can be either thermo-
dynamic in nature (Gibbs adsorption) or from non-equilibrium or kinetic
causes. For Gibbs adsorption, the driving force is a decrease in the
total free energy of the system. If an alloying element or an impurity
element can decrease the grain boundary energy, by being adsorbed into

or very near the grain boundary, there will be a driving force for segre-
gation. This equilibrium segregation can be expressed by Gibbs adsorp-

tion isotherm [247]:

ZN, d&fna.x. = -— (5.52)
1 171

where, Ni is the number of adsorbed 'i' species atoms/unit area, a; is

the activity coefficient of 'i' species in bulk matrix, X, is the atom

fraction of 'i' species in the bulk matrix, Yy is the grain boundary
energy and k, the Boltzmann's constant, with T, the absolute temperature.
For non-equilibrium segregation, the driving force is a solute-
vacancy interaction mechanism proposed by Aust et al. [248] which con-
siders grain boundaries as sinks for vacancies and other defects.
During quenching, the equilibrium concentration of vacancies (corres-
ponding to the higher austenitization temperature) will be drastically
reduced, resulting in a supersaturatoin of vacancies. Those vacancies
within a diffusion distance of the grain boundaries will be annihilated

at such grain boundaries. As these vacancies migrate to the grain

boundaries, they will drag along solutes (impurity and alloying elements)
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whose vacancy-solute binding energy is positive. Effective uphill
diffusion of the solute occurs and solute enrichment over the diffu-
sion distance near the boundaries occurs in the form of solute clusters.
Since most alloy and impurity elements in iron have a high positive
binding energy with vacancies in iron, preferential grain boundary en-
richment of these elements occurs.

From the foregoing arguments, it is clear that segregation has an
important effect on the stress corrosion cracking susceptibility of high
strength steels. As to the variation of segregation with austenitization
temperature, Wood [8] suggested that higher austenitization temperatures
decrease segregation and partitioning of impurity and alloying elements,
thus decreasing lean zones which tend to transform earlier to different
structures, during cooling/quenching, than the more highly alloyed zone.
Through selective etching techniques, Ogura et al. [66] demonstrated de-
creased segregation of impurity elements at prior austenite grain bound-
aries and twin boundaries, with increasing austenitization temperature.
Ritchie et al. [109] postulated that austenitizing above 1100°C, followed
by fast quenching, prevents segregation of impurities to grain boundaries
and Clark et al. [2] suggested that the thermodynamic driving force for
segregation is too small above 1100°C to drive the embrittling species
to the grain boundaries but below this temperature, substantial segrega-
tion to the grain boundaries takes place. While these were postulates,
Briant et al. [249], through Auger spectroscopy reported that the P
segregation in steels containing 0.06% and 0.03% P respectively, de-
creased with increasing austenitization temperature and with decreasing

P content of the steel. The steel used in this investigation contained
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about 0.01% P. This suggests that segregation differences among the
various heat treatments may not be significant. However, if segregation
is considered in terms of unit grain boundary area, it would increase
for high temperature heat treatment compared to the conventional heat
treatment. This increase would be even higher for the step heat treat-
ment. On the contrary, for the modified conventional heat treatment, the
dilution of segregation at the grain boundaries due to the increased grain
boundary area would be maximum, resulting in a very low concentration of
the embrittling elements per unit grain boundary area.

It is proposed that a certain critical concentration of segregation
per unit area of the grain boundary exists above which predominantly
intergranular fracture occurs under stress corrosion cracking conditions
and below which mixed failure or transgranular failure occurs. For con-
ventional, high temperature and step heat treatments, failure was pre-
dominantly intergranular, indicating that this critical concentration
is exceeded. The lower Klscc for conventional heat treatment 1s due to
the domination of grain size effect, viz., the attainment of the critical
embrittled zone, extending over a significant portion of the grain bound-
ary area (and which is related to the maximum triaxial stress ahead of
the crack tip) at a lower applied stress intensity level than for the
coarser grained structures. The almost identical values of KIscc for
high temperature and step heat treatments indicate that either segrega-
tion differences between these two heat treatments are minimal (when
measured over unit grain boundary area) or what is more likely, that

once the critical concentration of segregation for intergranular separa-

tion is exceeded, further increases in the concentration contributes
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little to the lowering of K The high value of KIscc for the modi-

Iscc
fied conventional heat treatment, coupled with significant amounts of
transgranular failure (even at low stress intensitites), suggests a
different mechanism. The reduction of surface energy by hydrogen to
the level for crack growth occurs first at the grain boundary junctions
or triple points only when these sites are already weakened due to the
presence of critical amounts of embrittling species. Otherwise, the
surface energy of the lattice as a whole has to be decreased and this
can happen only at higher stress intensities (at higher hydrogen concen-
trations), as for the modified conventional heat treatment. Since the
grain size for this heat treatment was considerably smaller than for
any other heat treatment, for a similar amount of segregation (as in
the case of conventional heat treatment), it is reasonable to assume
that the critical concentration at the grain boundaries is not attained.
The transgranular nature of failure supports this postulation.

Another factor is the influence of the fracture toughness (KIC)
in the absence of hydrogen. Brown [36] has shown a decrease in KIc and
a corresponding one-to-one decreasing trend of KIscc (Figure 5-5), with
increasing strength level for AISI 4340 steel. Sandoz [250] has studied
the fracture toughness and stress corrosion cracking susceptibility of
high strength steels and his work also shows a direct relationship be-
tween K and KIc' Other investigators have also observed this re-

Iscc

lationship [29,211,251] between K_ and K . Since K 1s a measure
Ie Iscc Le

of the fracture energy, a higher K implies a higher fracture energy

Ic

and consequently, in corrosive environments, a higher energy for
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decohesion (or to the level necessary for reducing the fracture energy to
the critical level for crack initiation). The results of this investi-

gation agree well with this prediction. Both KIC and K were highest

Iscc
for modified conventional heat treatment, followed by high temperature,

step and conventional heat treatments.

5.2.2. Crack Growth Rates. All the heat treatments exhibited

limited Stages I and III and, hence, the discussion is confined to
Stage II region only (the average crack velocity in this region being

defined at a point midway between K_ and K Y
Ie Iscc

All factors that affect threshold intensity affect the crack growth
rates also. Strength variations among these heat treatments did not
affect the crack growth rates. As explained in Section 5.2.1, the
strength effect is not significant above about 1515 Mth2 for these high
strength steels. Lessar and Gerberich [32] noted an increase in the
crack velocities with a decrease in grain size (that is, increasing
strength). However, the yield strength changes were in the ranges of
1240 MNm_2 to 1481 MNm_z, a range where the strength effect is predom-
inant. Proctor and Paxton [26] and Dilip Kumar [33] in their study of
4340 steel reported either negligible variation or a slight decrease in
the crack growth rates with decreasing grain size (increasing yield
strength). The yield strength variations in their study was above

—2 » ; ; :
1515 MNm ~. These observations are consistent with the above postulation.
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With respect to substructure, prior discussion of the effect of
twinning and carbides (Section 5.2.1) are applicable for the interpre-
tation of crack velocities also. The effect of twinning, while marginal,
should enhance crack growth rates [108,216,217,222]. However, this was
not observed in the experimental results, due to other effects, which
will be discussed next. Likewise, since the volume fraction of carbides
was the same for all heat treatments, and the total volume fraction of
the carbides also almost the same, the effect of carbides upon crack
growth rates was negligible.

While it has been proposed that retained austenite, due to its
higher solubility for hydrogen (and lower diffusion rate for hydrogen
through austenite than in martensite) can improve stress corrosion
resistance [32,47,226,227], its stability has to be considered. For
instance, Lessar and Gerberich [32] attributed the decrease in crack
velocity of 4340 steel with increasing austenitization temperature to the
presence of higher retained austenite resulting at higher austenitization
temperatures. However, the tempering temperature of 300°C utilized by
them would transform the retained austenite [252,253]. Hence, the bene-
ficial effect of retained austenite is questionable. Ritchie et al. [27]
observed no changes in the crack growth rates of 300M steel in which the
amount of retained austenite was varied between 2% and 127 at similar
strength levels. This investigation shows that while retained austenite
(higher K

may influence K with more austenite), it did not affect

Iscc Iscc

the Stage II crack growth rates. Other investigators have shown that in

the plastic zone ahead of the crack tip, as long as the stresses exceed
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the yield strength, all austenite within this zone would transform
[20,47]. The size of this zone within which retained austenite would
transform can be computed from Equation (5.50), Section 5.2.1. At
intermediate stress intensities, corresponding to Stage II region, the
size of the zone becomes significant in relation to the grain size. For

=3/2

example, at K_ = 33 MNm = 21 um and hence, over a region extend-

I
ing to at least 42 um from the crack tip, retained austenite would trans-
form. This transformation of austenite to either untempered martensite
or lower bainite may actually increase the susceptibility for stress
corrosion cracking. Also, all dissolved hydrogen in this austenite would
now be liberated into a matrix whose solubility for hydrogen is much
lesser, and this would provide additional hydrogen for stress corrosion
cracking, in the vicinity of the crack tip. Thus, retained austenite
may be detrimental for stress corrosion cracking resistance at stress in-
tensity levels corresponding to or exceeding Stage II region, where it is
mechanically unstable. The results of conventional, high temperature and
step heat treatments corroborate this hypothesis. However, the modified
conventional heat treatment, possessing more retained austenite than the
corresponding non-modified conventional heat treatment, still exhibited a
lower crack growth rate in this region. The impurity content due to
segregation at grain boundaries is much lesser for this heat treatment,
requiring a greater amount of hydrogen to cause cracking and the hydrogen
released from the transformed austenite region would still not be

sufficient to meet the critical level for embrittlement. In this case,
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the accumulation of hydrogen to this level depends upon diffusion from
regions where stresses are still low enough for retained austenite to be
mechanically stable. This should lower the crack growth rates further.
However, this assumption may be questionable because the Hydrogen supply
is predominantly from the crack tip into a region where retained austen-
ite has already transformed and the amounts diffusing into this region
from other regions in the bulk would not be significant. Thus, retained

austenite, by itself, cannot account for the observed crack growth rates.

The mechanism proposed earlier (Section 5.2.1) to explain the de-

pendence of K on the prior austenite grain size cannot be applied

Iscc
for predicting crack growth rates. This is because, although for coarse
grained structures, critical hydrogen concentrations ahead of the main
crack occur only at higher stress intensities than for finer grained

structures, this effect affects only K At higher stress intensities,

Iscc
corresponding to Stage II and beyond, sufficient hydrogen 1is attained for
coarse as well as for fine grains, and the actual crack growth rate
should be independent of the prior austenite grain size. This, however,
was not the case in this investigation. This is explained by considering
triple points as constraint points, where the advancing crack has to
change its direction. For a given traverse, fine grained structures will
contain more such constraint points and hence, the crack growth rate will
decrease, in agreement with this and other investigations [26,33]. 1In

the modified conventional heat treatment, this effect i1s even more pro-

nounced, since propagation occurs transgranularly rather than
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intergranularly and involves additional constraint points (the micro-
structural feature which controls fracture in this case is the inter-
particle spacing and hence, the void size).

Segregation and KIc effects which affect KIscc does not affect
Stage II kinetics. Increasing segregation concentration at grain bound-
aries decreases the critical amount of hydrogen necessary for decohesion.
Likewise, decreasing KIC also lowers the cohesive stress (Section 5.2.1).
However, these determine only the threshold value and at stress intensit-
ies exceeding this value, no longer influence the actual crack growth
kinetics, since the crack will propagate only after the minimum concen-
tration for hydrogen is exceeded.

In this study, a slight decrease in Stage II growth rates with in-
creasing applied stress intensities was noted. Other investigators [42,
254] have also noted a similar effect. Dunegan and Tetelman [254] found
that in Stage II, island cracks form in front of the main crack and grow
both ahead and back toward the main crack front. If this were true,
the creation of such cracks and their growth, in addition to the growth
of the main crack would need higher energy, thus slowing down the overall
growth rate. Often in this study, as well as in other investigations
[30,109], secondary cracking and crack branching were observed in Stage II.
Since the creation of these additional cracks and the propagation of
such cracks also require additional energy, there would be a retardation
of the cracking velocity, as reflected in the stress corrosion cracking
curves. In addition to this phenomenon of slightly decreasing crack

velocity with increasing applied stress intensity, the actual crack
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growth curve, in Stage II, exhibited several peaks and valleys (indica-
tive of intermittent crack growth) whose amplitude decreased with in-
creasing applied stress intensity. Fractography and acoustic emission
studies also confirmed the occurrence of such slow and burst (fast)
regions of growth. Since the growth rates were computed for increases
in crack lengths of 5 um, which was smaller than the finest grain size
achieved in any heat treatment, such intermittent crack growth must have
occurred within a grain itself. Steps on many intergranular facets,
indicating crack arrest, confirm this. Non-uniform cohesive strength
and non-uniform plastic behavior due to internal flaws and interfaces
and variations in solute and dislocation disturbances, are the reasons
for the intermittent crack growth. Further, microcracks, voids, second
phase particles and grain boundaries act as stress raisers, complicating
the simple pattern of stress distribution. Thus, the actual crack
propagation is jerky and intermittent, giving rise to the peaks and
valleys. Towards higher stress intensities, the effect of such inhomo-
geneities will in part be overcome by the higher stresses existing ahead

of the crack tip, establishing a more uniform growth rate.

5.3. Acoustic Emission Properties

Acoustic emission (A.E.) analysis has been widely applied to study
stress corrosion cracking behavior [33,40,254-267]. However, no consis-
tent analysis techniques exist and most proposed relationships are
applicable only for specific cases. In this study, an independent method

for analyzing A.E. results is proposed.
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Several investigators [268-270] have observed that an A.E. source,
operating once and isolated in time from other acoustic emissions, ex-
cites the transducer in a ring-down mode (Figure 5-7), and the resulting

signal follows the form:

vV = VO ehBt sin At (5.53)

where, V is the instantaneous voltage at time t, Vo is the peak (initial)
voltage, B is the exponential decay time constant and A is the angular
frequency. Also, the number of such ring-down counts generated from a

single source could be given by the relationship:

A L
n=2—T|_B In| — (5.54)

where, VO is now the amplitude (initial) of the damped sinusoid and Yo
the threshold voltage at which the counter is triggered. Since A/B 1is
a constant for a given transducer, Equation (5.54) could be rewritten as:

VO
n = (Pl &n V—t (5.55)

where, 2 is a constant (= A/2mB). B might decrease at higher stress in-
tensities (corresponding to Stage III), if the A.E. counter is not able
to resolve rapidly occurring events, thus inflating the counts per event
data. B may also decrease when the A.E. event lasts longer than the
natural period of the transducer. However, since Stage III was limited
to very short time intervals and since the grain size of even the

coarsest grained structure was such that the A.E. event generated was
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Figure 5-7: TYPICAL ACOUSTIC EMISSION WAVEFORM.
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restricted to well below the natural period of the transducer, B is

'n' represents the number of counts

assumed to be constant. Since
generated by a single event whose peak amplitude is given by VO,

Equation (5.55) can be rewritten as:
n =d_c
de
2 Yo
= P nY=— (5.56)
i "By

where, dc/de represents the ratio of the cumulative number of A.E. counts
due to all generated events, to the cumulative number of events. A mov-
ing crack, as a first order approximation, releases energy W, propor-

tional to the square of the crack velocity as:

_ da\ 2
Wii= ?, (:ﬁ;) (53575

where, da/dt is the crack extension per unit time and ?, is a material
constant. Vo’ the peak amplitude is also related to W by the relation-
ship:

W=g,V (5.58)

where, 94 is the constant of proportionality. Comparing Equations

(5.57) and (5.58)
~ [da
VO = ¢4(EE) (5.59)

1
where, 9, = (cpZKqJB)2 (5.60)
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Substituting for N in Equation (5.56), we obtain,

de _ da _
T - 9 Un g fn V. + 20 g,) (5.61)

Since Vt’ the threshold voltage was constant for all heat treatments,
the second and third terms of Equation (5.61) are constants and dc/de
should be directly proportional to &n (da/dt) and a plot of either dc/de
Vs, KI or &n (da/dt) vs.KI where KI is the applied stress intensity,
should yield similar results. This was experimentally verified in this
investigation, wherein the counts/event curve followed exactly the same
trend as the crack velocity curve, as a function of the applied stress
intensity. Also, dc/de decreased with a decrease in the grain size, d.

From linear elastic fracture mechanics, the energy released for a crack

extension of da is given by [271]:

wes 2
= & 0a da(l - v°) (5.62)

where 8a represents the height of the crack, Vv is the Poisson's ratio

and E is the modulus of elasticity. The term (8ada) represents the new

2
. . md
area created due to crack extension and will be equal to md? or b

for intergranular or transgranular failure respectively, d being the

grain size for intergranular fracture (or the void size for fracture

through microvoid coalescence). Hence, Equation (5.62) can be written
as:
W=m o d (5.63)
(1 - v?)

where, I (5.64)
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FLE = 9)

for intergranular failure ( =
4E

, for transgranular failure).

Cemparing Equations (5.58) and (5.63),

vV = n,(cd) (5.65)
o 2
™ 3
where, 1 (5.66)
@3

Substitution this value of Vo in Equation (5.56):

i)
de

ml(ﬁn 0+ 4n d - n Vt + n nz) (5.67)

This equation predicts that, when the grain size remains constant (for a
given heat treatment), dc/de will vary directly as %n O, and consequently

as &n KI since [271]

K, = 0 /ma (5.68)

Also, for a given applied stress intensity, dc/de will vary directly as
n(d). These predictions were verified experimentally.

A consequence of Equations (5.67) and (5.61) is that at a given
applied stress intensity, the crack growth rate should be maximum for
the coarsest grained structures and least for the finest grain sized
structures, since:

%% X fIn d
cC &n  (da/dt),

giving, fn d & &n (da/dt) (5.69)
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It was pointed out that conflicting claims were made [26,32,33] as to
the relationship between crack velocity and grain size (Section 5.2.2).
Through A.E. techniques, this ambiguity could be resolved as shown
theoretically above (and as verified experimentally in this investiga-
tion).

The cumulative counts (and events) and counts rate with respect to
both time and crack extension (and events rate) exhibited a nearly ex-
ponential increase with time, crack length and applied stress intensity.
This is due to two reasons. A.E. generation within the material depends
upon the actual stress state, which is related to the applied stress
the A.E. activity should in-

intensity, K Hence, with increasing K

I I’

crease. Secondly, the amplitude VO of the acoustic signal depends upon
the grain size d [Equation (5.65)]. 1If . (= A the threshold voltage)

represents the critical amplitude which should be exceeded for detection

by the sensor, as K_ increases, the critical grain size which will

I
generate an event with an amplitude equal to or greater than Vcr will
decrease, according to Equation (5.65). This will result in more grains
in the material contributing to detectable A.E. activity. Since, for

any heat treatment, the grain size distribution varies in general as a
normal or a log-normal distribution [33,272], both distributions involv-
ing exponential terms, the A.E. activity should also vary exponentially
with respect to the crack length, time or applied stress intensity. Thus

finer grained structures give rise to lesser A.E. activity. The above

situations are explained in Figure 5-8.
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6. CONCLUSIONS

A comprehensive summary is given following each subsection in

Section 4. In this section the main conclusions are listed.

6.1. Tensile, Impact and Fracture Toughness Properties

High temperature and step heat treatments improved the plane strain
fracture toughness markedly when compared with conventional heat treat-
ment. While high temperature heat treatment resulted in considerably
lower ductility and impact properties at similar strength as the conven-
tional heat treatment, step heat treatment resulted in not only de-
creased ductility and impact properties, but also decreased strength.
Cyclic heat treatment improved strength, ductility and impact properties
but fracture toughness decreased.

When compared with the corresponding non-modified heat treatments,

all the modified heat treatments improved all the properties significantly.

6.2. Stress Corrosion Cracking Properties

High temperature and step heat treatments exhibited almost identi-
cal and higher threshold stress intensity values when compared with the
conventional heat treatment. The modified conventional heat treatment
resulted in the highest threshold stress intensity.

Stage II crack velocities were highest for high temperature and
step heat treatments and lowest for modified conventional heat treatment.
Conventional heat treatment resulted in an intermediate value. The ac-

tual crack growth rate in Stage II region exhibited several sharp peaks
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and valleys (indicative of intermittent growth), whose amplitude de-

creased with increasing stress intensity.

6.3. Acoustic Emission Characteristics

The counts per event vs. applied stress intensity curves showed a
remarkable similarity to the stress corrosion crack growth rate vs. ap-
plied stress intensity curves. The counts per event values were depen-
dent upon the actual crack growth rate and the Stage II value was highest
for high temperature and step heat treatments and lowest for modified
conventional heat treatment, with conventional heat treatment exhibiting
an intermediate value.

The counts and counts rate and the events and events rate (with res-
pect to both time and crack length) increased exponentially with respect
to the applied stress intensity. The x-axis intercept coincided with the

threshold stress intensity value for the particular heat treatment.

6.4. Microstructure

The prior austenite grain size increased with increasing austeniti-
zation temperatures (high temperature and step heat treatments) and de-
creased with thermal cycling (cyclic and modified heat treatments).

The general structure consisted of predominantly lath martensite for
high temperature, step and modified heat treatments and predominantly
plate martensite for conventional and cyclic heat treatments. Extensive
twinning occurred in the case of conventional and cyclic heat treatments,
with step, high temperature and modified heat treatments exhibiting

increasingly less twinning. All modified heat treatments resulted in
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increased interlath films of retained austenite than the corresponding
non-modified heat treatments. The amount of retained austenite was
generally higher for coarser grained structures. All the heat treat-
ments resulted in extensive precipitation of cementite and epsilon
carbide. The modified heat treatments, in addition, also resulted in

(Fe,Cr)3C, (Fe,Cr).C., (F&,Cr)

2Cqs and Mo C precipitation. Epsilon

23%> 2
carbide precipitation occurred only within large laths along definite

growth directions and specific habit planes. Such large laths were

identified at the prior austenite grain boundaries.

6.5 Fractography

The fracture initiation zone of tensile, Charpy and KIC specimens
all exhibited predominantly microvoid coalescence mode of failure in
the case of all heat treatments. However, all non-modified heat treat-
ments generally revealed a mixed failure mode consisting of intergranular
and quasicleavage failure, in addition to microvoid coalescence, when
compared with the modified heat treatments, which revealed no such mixed
failure. Additionally, the tensile specimens of high temperature and
step heat treatments exhibited a high amount of intergranular failure in
the initiation region. In the propagation zone, the predominant failure
mode was quasicleavage for all heat treatments. Dimple size was consis-
tently finer for finer grained structures and when compared with the
corresponding non-modified heat treatments, all the modified heat treat-
ments possessed finer and deeper dimples. Coarse lath boundary cleavage
steps, cleavage tongues and tearing in association with tear ridges were

all identified in many cases.
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In the case of stress corrosion cracking specimens, the predominant
failure mode was intergranular at low and intermediate applied stress
intensities, with increasing amount of transgranular features at higher
stress intensities, the final overload region failing by microvoid
coalescence. However, the modified conventional heat treatment exhibited
both intergranular and transgranular features even at low stress intens-
ities, with extensive tunnel and slot formation in the transgranular
regions at intermediate stress intensities. Secondary cracking, triple

points, crack coalescence and associated cleavage steps were all observed.

6.6 Hypotheses

Although the strength of 300M steel is a function of Peierl's stress,
solid solution effects, substructural effects (twins vs, dislocations)
and work hardening effects, changes in strength for different heat
treatments with respect to any of these factors were slight. Strength
was a strong function of dispersion strengthening from carbides (and
hence, the size, volume fraction, interparticle spacing and nature of
carbides) and grain size (inclusive of lath width and packet diameter).
Ductility was a function of prior austenite grain size, homogeneity of
steel, interparticle spacing, volume fraction, size and nature of car-
bides. A model based upon the characteristic distance ahead of the crack
tip for sharp cracks and a critical fracture stress (or strain) criterion
for blunt cracks adequately explained the variation of plane strain frac-
ture toughness and impact toughness of the steel as a function of heat

treatment. Impact toughness varied directly with ductility, for the
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strain-controlled fractures observed in this investigation. However,
the plane strain fracture toughness was dependent upon the void size
and spacing (and hence, the carbide dispersion), grain size (inclusive
of lath width and packet size), amounts of retained austenite (both
stable and unstable) and twin density. The behavior of modified heat
treatments as a function of intermediate tempering temperature and time
was observed to be consistent with a model which takes into account the
size, distribution and coherency strains of the carbides.

Threshold stress intensity was independent of the changes in the
strength and carbide dispersion for this high strength 300M steel and
only slightly dependent upon the substructure. It was a major function
of the plane strain fracture toughness, prior austenite grain size and
amounts of segregation and retained austenite. A model was proposed to
explain the variations of threshold stress intensity with heat treatments,
based upon a critical segregation concentration criterion. The crack
growth rate was also independent of strength, carbide dispersion, sub-
structure and KIc and only slightly dependent upon retained austenite
amount and segregation. Only the number of constraint points (prior
austenite grain size and interparticle spacing) exerted a major influence
on the crack growth rates. The relationships between the acoustic emis-
sion responses of the steel and crack growth rate, applied stress intens-
ity and prior austenite grain size (or void size) were also explained

through a model based on an energy criterion.
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APPENDIX I

METHOD FOR CALIBRATION OF INSTRUMENTED TUP SYSTEM

Compare the impact energy (wt) recorded on the instrument dial with
the energy as calculated from the area under the load-time trace on an
oscilloscope, where the energy (wc) in ft. lbs. is related to the area
(A) in sq. inch under the trace by the expression:

i, = Achdevefffca

where CX is the time sweep rate/div., Cy is the vertical sensitivity/
div., Veff is the effective velocity of the tup during the impact

[= (Ve + Vi)IZ, where Ve and Vi are the final and initial velocities of

the tup], P, is the proportionality constant, having the units of 1lbs/V,

d
Ve = VEEE; and Vi = /EEE;_, where g = acceleration due to gravity and
hi and he are the drop height and rise height of the hammer before and
after impact, respectivley.

Ideally, a material with an impact energy value of about 20 ft. lbs.
(27 Nm) 1is chosen for this calibration purpose, since at higher values,
Veff is not equal to (Ve + Vi)IZ and at lower values, error in measur-

ing the area under load-time trace would increase.
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APPENDIX I1

PROGRAM FOR EVALUATING CRACK VELOCITY AND VARIOUS A.E. RATES

1

This program reads data from KISFIL and calculates
DA/DT,DC/DT,DE/DT,DC/DA,DE/DA,DC/DE and AVK.
Slope is evaluated only if DA .GE. 0.005".
Compliance equation is valid upto A/W=0.81.
When x—axis full range is 1 hr., scale factor is 14.0625.
When y-axis full range is 100,000 counts, scale factor is
390.625.
When y—axis full range is 16,000 events, scale factor is
62.5.
C For 0.005"/V COD output, scale factor is 0.00019531.
DIMENSION T(2000),V(2000),C(2000),E(2000)
DIMENSION A(2000),K(2000)
REAL G1,G2,G3,A0W1,AOW2,AOW3,A0W4,AOW,K,COMP
REAL DA,DT,DAT,DCT,DET,AVK,DCA,DEA,DCE
CALL SEARCH (1,'KISFIL',1,0)
CALL SEARCH (2,'KISoOul',2,0)
CALL SEARCH (2,'KIsou2',3,0)
WRITE (1,10)
10 FORMAT ('ENTER LOAD IN 0000.00 FORMAT')
READ (1,20)P
20 FORMAT (F7.2)
WRITE (1,30)
30 FORMAT ('ENTER THICKNESS IN 0.000 FORMAT')
READ (1,40)B
40 FORMAT (F5.3)
WRITE (1,50)
50 FORMAT ('ENTER TIME INTERVAL IN 14.06250 FORMAT')
READ (1,60)TI
60 FORMAT (F8.5)
WRITE (1,70)
70 FORMAT ('ENTER COUNT INTERVAL IN 390.6250 FORMAT')
READ (1,80)CI
80 FORMAT (F8.4)
WRITE (1,90)
90 FORMAT ('ENTER EVENT INTERVAL IN 62.5000 FORMAT')
READ (1,100)EI
100 FORMAT (F7.4)
WRITE (1,110)
110 FORMAT ('ENTER COD INTERVAL IN 00.00019531 FORMAT')

QGO0

@]



120

130

140

150

200

250

300

350

400

450

500

550

READ (1,120)VI

FORMAT (F11.8)

WRITE (1,130) _

FORMAT ('ENTER CODDIFF IN 00.0000000 FORMAT')

READ (1,140)VD

FORMAT (F10.7)

WRITE (1,150)

FORMAT ('INPUT NUMBER OF DATA POINTS IN 0000 FORMAT')

READ (1,200)ID

FORMAT (41I5)

Read input file one line at a time and calculate A(I)
and K(I).

I=1

READ (5,*,END=400,ERR=950)T(I1),V(1),C(I),E(I)

T(I)=T(I)*TI

ClI)=c{I)*Ch

E(I)=E(I1)*EI

V(I)=V(I)*(VI-VD)

G=30.0E+06

COMP=(V(I)*B*(G/100))/(P)

IF (COMP .LE. 2.5) GO TO 300

AOW=0.49+(0.157E-02)*COMP*100-(0+213E-01)*COMP**2

GO TO 350

CONTINUE

AOW1=0.15136+8.70914E-01*COMP

AOW2=-5.70479E-01*%COMP**2

AOW3=1.83754E-01*COMP**3

AOW4=-2.26238E-02*%COMP**4

AOW=AOW1+AOW2+A0W3+A0W4

CONTINUE

A(I)=A0W*2.0

G1=(29.6*A0W**0,5)—(185.5%A0WX*1.5)

G2=(655.7*A0W**2,5)=(1017.0%A0W**3,5)

G3=(638.9*%A0W**4,5)

K(I)=((G1+G2+G3)*P)/((1.414%B)*1000)

I=I+1

GO TO 250

CONTINUE

WRITE (1,450)1

FORMAT (14)

Calculate DA and compute DA/DT, etc.

M=1

CONTINUE

I1=M

J=M

DA=A(J+1)-A(M)

IF ((J+1) .GE. ID) GO TO 900
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600

650

700
750

800

850

900

950
1000

IF (DA .GE. 0.005) GO TO 600
J=J+1

GO TO 550

CONTINUE

DT=(T(J+1)-T(I))
DAT=(A(J+1)-A(1))/DT
DCT=(C(J+1)-C(1))/DT
DET=(E(J+1)-E(I))/DT
DCA=DCT/DAT

DEA=DET/DAT

IF (DET .EQ. 0) GO TO 650
DCE=DCT/DET
AVK=(K(J+1)+K(I))/2.0

GO TO 700

CONTINUE

DCE=00000.000

WRITE (6,750)K(1),T(I),A(I),E(I),C(I)

FORMAT (F6.2,1X,F10.1,1X,F7.5,1X,F11.0,1X,F12.0)
WRITE (7,800)AVK,DAT,DET,DCT,DEA,DCA,DCE

FORMAT (F6.2,1X,F8.7,1X,F9.3,1X,F10.3,1X,

F11.0,1X,F12.0,1X,F9.3)
M=J+1
IF (M .GE. ID) GO TO 900
WRITE (1,850)M
FORMAT (16)
GO TO 500
CONTINUE
CALL SEARCH (4,0,1,0)
CALL SEARCH (4,0,2,0)
CALL SEARCH (4,0,3,0)
Error Message
WRITE (1,1000)1
FORMAT (14)
CALL EXIT
END
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APPENDIX III

IMAGE-S.A.D. ROTATION ANGLE CALIBRATION

a—MoO3 single crystals were prepared by heating ammonium molybdate
to red heat in a crucible and washing small crystals from the 1lid into
an aqueous suspension. A drop of this was dried on a grid covered with a
carbon support film. MoO3 is pseudoorthorhombic and forms as a ribbon
with long edges parallel to {001) and surface normal to (010). A series
of double exposed pictures were produced (Figure A-1), each with a
S.A.D. pattern from a thin crystal and the image of the crystal super-
imposed at a fixed magnification. The (010) spot in the S.A.D. pattern

was indexed, since d (0.0156 pin or 3.966 A), and the camera constant

010
(0.0057 inpin or 37 mmd) for these specific conditions (secondary elec-
tron accelerating voltage of 100 kV, projector lens current of 130 mA,
objective lens current of 127 mA, and pole piece number 2 corresponding
to 66.9 mils or 1.7 mm diameter) are known. The angle (¢) between [001]
direction thus determined from the diffraction pattern and the long edge
of MoO3 crystal was measured for each set and plotted as a function of
magnification (figure A-2). From Figure A-2, for a magnification of
15,500x, the correction for image rotation was found to be 13.5° counter-
clockwise. When this correction was applied to Figure 3-5la and 3-7la,

the direction of €-carbide precipitation coincided with two variants

of <112>a,. The habit planes also coincided with {Olﬂ}a..
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O5,u.m

025pm

BRIGHT FIELD TEM PICTURES, AT VARIOUS MAGNIFI-
CATIONS, OF MOO3 CRYSTAL, WITH S.A.D. PATTERN

SUPERIMPOSED, FOR IMAGE-S.A.D. ROTATION ANGLE
CALIBRATION.
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Figure A-2: ROTATION ANGLE AS A FUNCTION OF MAGNIFICATION.
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APPENDIX IV

CALCULATION OF VOLUME FRACTION OF CARBIDES

Let m equal wt%, p equal density and f , the volume fraction.
Case 1: Theoretical volume fraction of cementite (assuming 0.41 wt. %

carbon 1s available):

3Fe + C = FeBC
m _ 0.41 x 179.56
Fe3C 12.01
= 6.13%
m
FeBC
e
f _ FEBC
FE3C

[l
o
o
(o]
L]

Case 2: Total volume fraction of carbides (assuming only Cr23C6 and

Fe3C are present):

(a) 23 Fe + 23 Cr + 6C = (Fe,Cr)2306

I

From Table 3-1, m 0.79%

Cr

. _ 0.79 x 2552.61

Hence,



Amount of C used up

I

(b) 3Fe + C =
Amount of C available
H
e TFe4C
(c) £
Cro3%
(d) Similarly,
f
Fe 3C

0.79 x 72.06
1196

0.048%

Fe3C

= 0.41 - 0.048

= 0.362%

_ 0.362 x 179.56
12.01

]
o

(mFe3C
P

= 0.056




(e) Total volume fraction of precipitates

= f + £
Cr23C6 Fe3C
= 0.075
Note: Ppe = 7.86 gms/cc
pFeBC = 7.67 gms/cc
P = 6.97 gms/cc

Cr,5Cq
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